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Abstract 

Many physical and chemical properties of a solid depend on its electronic structure of the 

bonding between atoms. Elastic strains directly stretch these bonds, thus may influence 

their electronic states. This is the basic concept of an emerging field of research known 

as Elastic Strain Engineering (ESE), which enables us to alter and tune functional 

properties of materials by applying elastic strains. Thus, to generate extraordinarily large 

elastic strains in solid materials, in particular in thin films, is the aim of this study. 

To obtain meaningful and significant properties, however, large elastic strain (>2%) is 

required. This has been practically proven to be challenging to achieve, because bulk 

conventional materials typically have elastic strain limit of a fraction of a percent due to 

inevitable structural defects in bulk. Low-dimensional materials such as nanowires and 

thin films, on the other hand, have much reduced defect density and are able to sustain 

very large elastic strains, typically 6-8%. Thin films in particular, have large usable 

surface areas and it is expected that an elastically strained thin film will have great 

potential applications in ESE. 

Creating large and uniform elastic strain by substrate deformation has not been successful 

due to the plastic deformation of conventional substrates that deform by dislocation slip 

mechanism. The deformation of such substrates corresponds to uniform elastic strain, that 

is very small in magnitude, as well as localised slips of large numbers of atoms, that each 

translates to 100% strain. As a result, these substrates cannot transfer large and uniform 

elastic strain to the thin film on top. 

To harness large elastic strain potential of thin films, this PhD thesis presents a novel 

system design in which NiTi shape memory alloys are used as substrate. With unique 

thermomechanical properties, martensitic phase transformation of NiTi can generate 

large, uniform and recoverable strain. Stress-induced martensitic phase transformation of 

NiTi can generate up to 8% with a minimal plastic deformation that matches the elastic 

strain potential of thin films. This ability of NiTi was showcased in a nanocomposite, in 

which phase transformation of NiTi matrix transferred 6.5% elastic strain to the 

embedded Nb nanowires.  

This study is concerned with two main aspects of inducing large elastic strain to thin films 

by NiTi substrates. Firstly, it establishes an innovative method to accurately determine 

internal stress and strain state of thin film on substrates. Secondly, it explores the 
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possibility of utilising stress-induced martensitic phase transformation of NiTi substrate 

to induce large elastic strain in a thin film.  

(a) Determining internal stress and strain state of thin films:

This study presents a novel method that enables determination of internal stress 

and strain state of fibre-textured thin films with cubic crystal structure by x-ray 

diffraction (XRD) configurations that are readily available in most laboratories. 

The atomic scale d-spacing measurement by XRD is, in effect, similar to 

collecting sample dimensional information by strain gauges. Comparing the 

collected d-spacings with the one of a stress-free bulk reference allows elastic 

strain (and stress) calculations. For thin films, however, stress and strain 

determination by XRD is challenging. Due to the non-equilibrium fabrication 

conditions, the thin films produced often have the following characteristics: (i) 

they may have lattice dimensions different from their bulk counterparts; and (ii) 

they may have preferred growth orientation (crystallographic texture). To resolve 

these complications, sin𝜓2  method is conventionally employed to determine

stress and strain state of thin films by tilting the film sample and measuring its d-

spacings. The method requires special x-ray optics to minimise the out-of-focus 

errors, in addition to the scares and expensive sample goniometers. Moreover, for 

fibre-textured thin films, it is challenging to use the sin𝜓2 method because tilting

the sample does not guaranty that the majority of film crystallites produce 

detectable diffraction at the tilted angle. The innovative x-ray diffraction method 

developed and validated in this work removes all the discussed difficulties by 

combining the Bragg-Brentano (BB-XRD) with asymmetrical XRD (A-XRD) 

configurations. The A-XRD is equivalent to tilting the sample and is performed 

at a calculated incident x-ray beam angle. This incident angle depends on the x-

ray wavelength and the crystal structure of the thin film. It enables extraction of 

in-plane d-spacing when combined with the BB-XRD measurement. Requiring 

minimum hardware, with no need for goniometer and point focus x-ray optics, the 

namely BBA-XRD method can also be used to determine stress and strain in any 

polycrystalline thin films with a cubic crystal structure. This work has been 

published in Materials & Design journal. 
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(b) Inducing elastic strain by stress-induced martensitic transformation of NiTi

substrate: 

This work reports ultra large elastic strains of up to 6.8% in Nb thin film that was achieved 

by NiTi substrate. The superelastic substrate used in this study was able to produce 7.4% 

tensile recoverable transformation strain via stress-induced martensitic phase 

transformation. The created strain by this mode of deformation requires active load on 

the NiTi in order to be maintained and upon removal of the load, the generated strain will 

be recovered. 

First, the internal stress, stress-free lattice size and elastic strain of Nb film were 

determined prior to inducing strain, using the developed BBA-XRD method. Then, the 

effect of stress-induced martensitic phase transformation of NiTi on Nb film was 

determined. This was conducted by in-situ XRD measurements using a custom-made 

tensile apparatus that allowed d-spacing analysis under active load and unloaded states. 

Elastic strain of the film was determined by comparing the d-spacing changes with the 

one of the calculated stress-free state. The results showed that the NiTi substrate induced 

an average ~6% net elastic strain in the film over the of five tensile deformation cycles. 

The film surface images showed that multiple deformation cycles incurred no apparent 

physical damage. Furthermore, cross-sectional crystal structure investigations showed 

that the as deposited film was partially crystalline, and several deformation cycles 

imposed by the substrate resulted in some strain-induced crystallisations in the 

amorphous region of the film. The findings in this study demonstrates how ultra large 

elastic strains can be created in thin films by stress-induced martensitic phase 

transformation of NiTi substrate. 



v 

Table of contents 

Thesis declaration .............................................................................................................. i 

Abstract ............................................................................................................................. ii 

Table of contents ............................................................................................................... v 

List of Figures ................................................................................................................ viii 

Acknowledgments ............................................................................................................ xii 

Authorship declaration: co-authored publications ....................................................... xiii

Chapter 1. Introduction ..................................................................................................... 1 

1.1. Elastic strain engineering ....................................................................................... 1 

1.2. Generating elastic strains in solids ......................................................................... 4 

1.2.1. Elasticity of solids ........................................................................................... 4 

1.2.2. Low-dimensional materials for ESE ............................................................... 9 

1.3. Creating elastic strain in thin films ...................................................................... 12 

1.3.1. Heterostructure-induced elastic strain ........................................................... 12 

1.3.2. Deformation-induced elastic strain ............................................................... 16 

1.3.3. A discovery: Nb nanowires embedded in NiTi matrix ................................. 19 

1.3.4. Lattice strain matching concept .................................................................... 21 

1.4. Motivation of this work ........................................................................................ 22 

1.5. References ............................................................................................................ 22 

Chapter 2. Generating strain by NiTi substrate and elastic strain in thin films ............. 33 

2.1. NiTi Phase transforming alloys as substrates....................................................... 33 

2.1.1. Martensitic phase transformation of NiTi ..................................................... 34 

2.1.2. Thermomechanical properties of NiTi .......................................................... 35 

2.1.3. Pseudoelasticity ............................................................................................. 38 

2.1.4. Shape memory effect .................................................................................... 39 

2.1.5. Martensite reorientation ................................................................................ 39 

2.1.6. Two-way shape memory effect ..................................................................... 39 

2.1.7. Generating large deformations using NiTi substrate .................................... 40 

2.2. Thin films ............................................................................................................. 42 

2.2.1. Thin film fabrication ..................................................................................... 42 



vi 

2.2.2. Stress in thin films......................................................................................... 46 

2.2.3. Crystallographic texture in thin films ........................................................... 51 

2.3. How to measure elastic strain in thin films .......................................................... 52 

2.3.1. Elastic strain evaluation by hole-drilling and ring-core ................................ 53 

2.3.2. Elastic strain evaluation by x-ray diffraction ................................................ 53 

2.4. Thesis objectives .................................................................................................. 55 

2.5. Thesis structure .................................................................................................... 56 

2.6. References ............................................................................................................ 56 

Chapter 3. Experimental design and procedures............................................................ 63 

3.1. Experimental design ............................................................................................. 63 

3.1.1. Materials Selection ........................................................................................ 63 

3.1.2. SIMT of superelastic NiTi to generate strain in thin film ............................. 63 

3.2. Material characterisations and procedures ........................................................... 65 

3.2.1. Characterization of the bare NiTi substrate .................................................. 65 

3.2.2. Biased target ion beam deposition ................................................................ 66 

3.2.3. Film thickness determination ........................................................................ 67 

3.2.4. Curvature measurements ............................................................................... 67 

3.2.5. Surface characterisation (SEM) .................................................................... 67 

3.2.6. Film cross-section microstructure (FIB/TEM) ............................................. 67 

3.2.7. Crystal structure by XRD .............................................................................. 70 

3.2.8. X-ray peak fitting and d-spacing calculations ............................................... 71 

3.2.9. Grain size estimation by XRD ...................................................................... 71 

3.2.10. In-situ XRD measurement .......................................................................... 72 

3.3. References ............................................................................................................ 72 

Chapter 4. Stress and elastic strain state in thin films.................................................... 74 

Determining intrinsic stress and strain state of fibre-textured thin films by X-ray 

diffraction measurements using combined asymmetrical and Bragg-Brentano 

configurations ................................................................................................................. 75 

4.1. Introduction .......................................................................................................... 76 

4.2. Principle of conventional XRD for determining film stress ................................ 77 

4.2.1. Common XRD configurations ...................................................................... 77 

4.2.2. Stress determination by XRD ....................................................................... 79 



vii 

4.3. The new method to determine stress/strain state of fibre-textured thin films ...... 81 

4.4. Experimental validation ....................................................................................... 87 

4.4.1. Detection of planes using BB-XRD and A-XRD configurations ................. 87 

4.4.2. Stress and strain calculation using the new method ...................................... 90 

4.4.3. Result validation by curvature measurement and Stoney equation .............. 92 

4.5. Conclusions .......................................................................................................... 93 

Appendix A. Thin film preparation ............................................................................. 94 

Appendix B. Curvature and XRD measurements ....................................................... 94 

4.6. References ............................................................................................................ 95 

Chapter 5. Inducing elastic strain in thin film by SIMT of NiTi ..................................... 99 

5.1. Introduction ........................................................................................................ 101 

5.1.1. Methods for inducing large elastic strains in thin films using NiTi substrates

 ............................................................................................................................... 103 

5.2. Experimental procedures .................................................................................... 106 

5.2.1. NiTi substrate .............................................................................................. 106 

5.2.2. Film deposition ........................................................................................... 107 

5.2.3. Microstructure examination ........................................................................ 108 

5.2.4. XRD measurement ...................................................................................... 108 

5.3. Results and discussions ...................................................................................... 110 

5.3.1. The NiTi substrate ....................................................................................... 110 

5.3.2. Stress and strain states in the as-deposited Nb thin film ............................. 111 

5.3.3. Elastic strains in Nb thin film induced by SIMT of the NiTi substrate ...... 115 

5.3.4. Microstructure of the Nb thin film before and after the NiTi substrate 

deformation ........................................................................................................... 124 

5.4. Conclusions ........................................................................................................ 129 

5.5. References .......................................................................................................... 131 

Chapter 6. Closing remarks .......................................................................................... 139 

6.1. Main findings ..................................................................................................... 139 

6.2. Future work ........................................................................................................ 140 



viii 

List of Figures 

Figure 1-1. Metal–oxide–semiconductor field-effect transistor chip with strained silicon 

film………….. .................................................................................................................... 2 

Figure 1-2. Schematic stress-strain diagram of metals under tension. ............................ 5 

Figure 1-3. Schematic of variation of interatomic force and potential energy with atomic 

separation…..  ................................................................................................................... 5 

Figure 1-4. Elastic stability of BCC Fe under tensile deformation, presented in the form 

of potential energy as a function of applied tensile strain along [001] direction. ........... 7 

Figure 1-5. Log-log graph of yield strengths and elastic strains of some bulk metals and 

low-dimensional materials.. .............................................................................................. 8 

Figure 1-6. Pt3Ni nanoparticles. ..................................................................................... 10 

Figure 1-7. Core-shell nanostructures............................................................................ 11 

Figure 1-8. Different epitaxial scenarios ........................................................................ 13 

Figure 1-9. Critical thickness and its effect on epitaxial mismatch strain ..................... 15 

Figure 1-10. Young’s modulus range of various materials used in stretchable 

electronics….................................................................................................................... 18 

Figure 1-11. NiTi-Nb nanowire nanocomposite system.. ............................................... 20 

Figure 1-12. Schematic comparison of load transfer in the interface of a nanowire. .... 21 

Figure 2-1. Schematic presentation of martensitic phase transformation. ..................... 35 

Figure 2-2. Thermal behaviour of a NiTi sample measured by DSC. ............................ 36 

Figure 2-3. Tensile deformation behaviour of NiTi at 296 K. ........................................ 37 

Figure 2-4. Thermomechanical behaviour of NiTi under tensile deformation. .............. 38 

Figure 2-5. Using deformation modes of NiTi substrate to create tensile or compressive 

strain in thin film.. ........................................................................................................... 40 

Figure 2-6. Most common thin film deposition methods and their subcategories. ......... 43 

Figure 2-7. Schematic of internal stress in free standing thin film and attached on a rigid 

substrate. …… ................................................................................................................. 47 

Figure 2-8. Real-time stress evolution in Cr and Au films . ........................................... 48 



ix 

Figure 2-9. Stress analysis of film/substrate. (a) assembly structure, (b) free-body 

diagrams of film and substrate, (c) elastic bending of beam under applied end 

moment……. . .................................................................................................................. 49 

Figure 2-10. Deposition flux direction distribution for different deposition 

methods………. ................................................................................................................ 52 

Figure 2-11. Conventional XRD setup for determining stress and strain by 𝑠𝑖𝑛2𝜓

method………. ................................................................................................................. 54 

Figure 3-1. Experimental design and the assigned x-y-z coordinates.. .......................... 64 

Figure 3-2. Schematic of biased target ion beam deposition.......................................... 66 

Figure 3-3. TEM sample preparation steps by FIB lift-out technique. ........................... 69 

Figure 3-4. Schematic of experimental setup.. ................................................................ 70 

Figure 3-5. In-situ tensile XRD apparatus ...................................................................... 72 

Figure 4-1. Schematic presentation of X-ray diffraction geometry and 

configurations……. ......................................................................................................... 78 

Figure 4-2. Measured XRD patterns of W, Fe, Nb and Pd thin films obtained in BB-XRD 

and A-XRD geometry. ..................................................................................................... 88 

Figure 4-3. Pole figure measurements of {110} diffraction intensity for the Nb, Fe and W 

thin films and {111} diffraction intensity for the Pd thin film. ........................................ 90 

Figure 5-1. Designs of film on SMA substrate assemblies for different strain states and 

functionalities.. .............................................................................................................. 104 

Figure 5-2. Schematic of the experimental setup. ......................................................... 109 

Figure 5-3. Thermomechanical behaviour of the NiTi substrate.. ................................ 111 

Figure 5-4. XRD analysis of a Nb film on NiTi substrate.. ........................................... 112 

Figure 5-5. In-situ XRD analysis of d-spacing lattice strains in a Nb film on NiTi substrate 

sample over tensile pseudoelastic deformation cycles.. ................................................ 116 

Figure 5-6. In-situ XRD measurements of the lattice strain changes in the y and x 

directions in the fifth deformation cycle........................................................................ 120 

Figure 5-7. Schematic illustration of strain transfer from the NiTi substrate to the Nb thin 

film during a pseudoelastic deformation cycle of the substrate via stress-induced 

martensitic transformation.. .......................................................................................... 122 



x 

Figure 5-8. Microstructure of the Nb film on NiTi in the as-deposited state.. ............. 125 

Figure 5-9. Microstructure of the Nb film on NiTi after 4 pseudoelastic deformation 

cycles……….. ................................................................................................................ 127 

Figure 5-10. Surface morphology of the Nb film on NiTi substrate.. ........................... 129 



xi 



xii 

Acknowledgments 

This research was supported by an Australian Government Research Training Program 

(RTP) Scholarship. 

I would like to take this opportunity to thank those who assisted in production of this 

thesis. Firstly, to my supervisors, Professor Hong Yang, Assoc. Prof. Mariusz Martyniuk, 

and Dr. Gordon Wu. I am grateful for their excellent guidance, support and invaluable 

advice throughout the course of my study. I am particularly indebted to Winthrop 

Professor Yinong Liu. I appreciate his instrumental support and advice in the 

development and publication of my research. I also am thankful for giving me the 

opportunity to work on this project. 

I would like to thank the University of Western Australia, particularly the department of 

Mechanical Engineering, for all the technical and administrative supports I have received. 

To the academic, administrative and workshop staff, who are always friendly and 

accommodating. 

I would also like to acknowledge the technical and administrative staff in the Centre for 

Microscopy, Characterisation and Analysis, especially Assoc. Prof. Martin Saunders and 

Dr. Alexander Suvorova, for their valuable assistance, training and knowledge sharing. 

I thank helpful people of Microelectronics Research Group for their assistance in thin 

film deposition and characterisation, especially Dr. Xiao Sun, Dr. Hemendra Kala and 

Dr. Radha Krishnan Nachimuthu. 

I wish to express my gratitude to Dr. Sam Bakhtiari, Dr. Bashir Samsam Shariat and Dr. 

Junsong Zhang, for their valuable contributions and fruitful discussions. 

I must thank my parents. I sincerely appreciate their kind support, encouragements and 

countless sacrifices. 

Above all, I would like to thank my wife Kowsar. Her love, patience and constant support 

made this journey possible. Her encouragement, company and understanding over the 

years have been priceless, especially during the hard times. 



xiii 

Authorship declaration: co-authored publications 

This thesis contains work that has been published and prepared for publication. 

Details of the work: 

Fakhrodin Motazedian, Zhigang Wu, Junsong Zhang, Bashir Samsam Shariat, 

Daqiang Jiang, Mariusz Martyniuk, Yinong Liu, and Hong Yang, Determining 

intrinsic stress and strain state of fibre-textured thin films by X-ray diffraction 

measurements using combined asymmetrical and Bragg-Brentano configurations, 

Materials and Design, 181 (2019) 108063.  

Location in thesis: 

Chapter 4 

Student contribution to work: The student has conducted all the experimental work 

and carried out the data analysis presented in the paper. He has also drafted the 

manuscript and contributed to the revisions of the paper. 

The relative contribution of the candidate is estimated 70%. 

Details of the work: 

Farid Motazedian, Junsong Zhang, Zhigang Wu, Satyajit Sarkar, Daqiang Jiang, 

Mariusz Martyniuk, Yinong Liu, Hong Yang; Achieving ultra-large elastic strains 

in Nb thin films on NiTi substrate by stress-induced martensitic transformation.  

Under revision in Materials and Design. 

Location in thesis: 

Chapter 5 

Student contribution to work: The student has conducted all the experimental work 

and carried out the data analysis presented in the paper. He has also drafted the 

manuscript and contributed to the revisions of the manuscript. 

The relative contribution of the candidate is estimated 70%. 

Student signature: Farid Motaze

Date: 15-10-2020 

I, Hong Yang certify that the student’s statements regarding their contribution to each 

of the works listed above are correct. 

Coordinating supervisor signature: Hong Ya

Date: 15-10-2020 





1 

Chapter 1. Introduction 

1.1. Elastic strain engineering 

The technological progress and development constantly demand materials with superior 

properties from the existing ones. The improved properties can often be achieved by 

creating new materials via combing available materials, e.g., through makings alloys and 

composites.  

It is known that functional properties such as electronic, magnetic, optical, plasmonic, 

ionic, thermoelectric, or catalytic properties intrinsically depend on the electronic band 

structure of the materials, which can thus be manipulated by applying elastic strain. 

Creating, modifying or enhancing functional properties of materials by elastic strain has 

become a new frontier science in the last decade, known as elastic strain engineering 

(ESE) [1]. 

A well-known example of the ESE is the “strained silicon” technology developed by Intel 

in 1990s to improve electron carrier mobility of the silicon chips in their computer 

processors [2]. Figure 1-1 shows a schematic of metal–oxide–semiconductor field-effect 

transistor (MOSFETs) chip. The chip is comprised of a compositionally graded Si1-xGex 

layer grown on a silicon substrate. The lattice parameter of Ge is ~4% larger than the Si 

and, as a result, the epitaxially grown silicon film on top will be under tensile strain. It 

was discovered that the Si0.8Ge0.2 layer imposes ~1% tensile elastic strain in the silicon 

layer atop. This has resulted in an increases in electron mobility by more than 70% in the 

strain Si chips comparing to the chips with relaxed Si films [3].  
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Figure 1-1. Metal–oxide–semiconductor field-effect transistor chip with strained 

silicon film, adapted from sources [4, 5]. 

 

 

Table 1-1 presents additional examples of changing functional properties of materials by 

elastic strain engineering. It can be seen that elastic strain can change various functional 

properties in different material systems from metallic solids to ceramics. For instance, as 

catalysts for fuel cells,  Pt and Pd thin films were shown to have ~15 mV increase in 

oxygen reduction reaction  under the influence of 2% compressive elastic strain [6]. In 

another case, 3.1% tensile elastic strain on yttrium-stabilised zirconia (YSZ) films 

increased the ionic conductivity by 40% comparing to the unstrained bulk YSZ [7]. 

 

Table 1-1. Examples of functional property changes by elastic strain 

Functional property Material system Change in property by ESE Ref. 

Electrical 

Most metals 
Change in resistivity by tensile 

strain 
[8] 

Si nanowires 

Enhancement of electrons and holes 

carrier mobility enhancement by 

tensile strain 

[9] 

Thermoelectric 

SrTe 

nanocrystals in 

PbTe matrix 

Decrease in electric and thermal 

conductivity by endotaxial tensile 

strain  

[10] 

Superconductivity 

LaCoO3 thin 

film 

Increase in magnetization by 

epitaxial tensile strain 
[11] 

La2-xSrxCuO4 

thin film 

Increase in critical temperature by 

compressive epitaxial strain 
[12] 
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La2CuO4 thin 

films 

Reduction in coulomb interaction 

by compressive strain  
[13] 

Li 
Becomes superconductive at 20K 

under compressive strain 
[14] 

Optical 

ZnO nanowires 
Continuous modification of photon 

energy emission by elastic bending  
[15] 

Na 
Becomes transparent under 

compressive strain 
[16] 

Plasmonic 

Al nanoparticles 

on hydrogen 

silsesquioxane 

pillars 

Active mechanical colour tuning by 

elastic strain modulation 
[17] 

Magnetic 

PbTiO3 thin film 
Large change in polarization by 

epitaxial strain 
[18] 

FeCoSiB thin 

layer 

Increase in magnetoelectric 

coefficient by piezoelectric strain 
[19] 

Photovoltaic 
BiFe0.7Co0.3O3 

thin films 

Band gap reduction induced via 

bilateral tensile strain  
[20] 

Ionic conductivity 
YSZ/SrTiO3 

thin film 

Increase in ionic conductivity 

created by tensile epitaxial strain 
[7] 

Catalytic 

PdCuSi metallic 

glass thin film 

 

Change in catalytic activity by 

tensile and compressive strain 
[21] 

WC thin film 
Increase in catalytic activity by 

tensile and compressive strain 
[22] 

Pd and Pt thin 

films 

Improved oxygen reduction 

reactivity by compressive strain 
[6] 

Ni3Fe thin film 

Tuneable oxygen evolution reaction 

potential by tensile and 

compressive strain 

[23] 

 

To have noticeable influence on functional properties, a large elastic strain is often 

required or desired. For example, it is shown by density functional theory (DFT) 

simulations that the band gap of Si is only considerably reduced from ~1.2 eV in 

unstrained silicon to less than 0.9 eV with 4% tensile elastic in the [110]Si direction. The 

band gap of Si is totally diminished when the elastic strain reached 14% [24].  

However, the magnitude of elastic strain that can be created in a solid is limited and, in 

general, creating uniform sample wide elastic strains greater than 1% has been proven to 

be challenging. The following reviews the limitations of elastic strain and different ways 

of generating large elastic strains in materials. 
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1.2. Generating elastic strains in solids 

1.2.1. Elasticity of solids 

“Elastic strain” is a general term referring to mechanically recoverable deformations 

which may have different mechanisms. The elastic strain that is the focus of this study is 

defined explicitly as the stretching and compression of the interatomic bonds caused by 

a mechanical force. This strain is uniform at crystalline lattice level. Such elastic lattice 

strains have the potential to modify the electronic structure of materials and be used in 

elastic strain engineering. Reversible mechanical deformation does not necessarily mean 

uniform strain at lattice level. Examples of such reversible deformations are recoverable 

lattice distortion in a crystallographic phase transformation or reversible entanglement of 

polymer chains in a rubber. In both cases, the macroscopic strain does not affect the 

interatomic distance and consequently, cannot be used to change the functional properties 

of materials. Therefore, the term ‘elastic strain’ in this thesis refers to the ‘elastic lattice 

strain’.  

(a) Macroscopic deformation behaviour 

Figure 1-2 shows a typical stress and strain behaviour of a cylindrical metal bar under 

tensile load. For the cross-sectional area 𝐴0, that is subjected to an axial tensile force 𝐹, 

the stress 𝜎 is defined as force per unit area (𝜎 = 𝐹/𝐴0). The stress induces a deformation 

(strain) that is defined as the change in length ∆𝑙 per original length 𝑙0. The strain, 𝜀, is 

then given by 𝜀 = ∆𝑙/𝑙0. Plot of the stress vs. strain shows macroscopic behaviour which 

is generally divided into two regions; elastic and plastic. Elastic strain is the linear section 

of the deformation curve in which the bar reverts to its original length as soon as the load 

is removed. At higher stresses, exceeding the yield stress 𝜎𝑦, plastic deformation occurs, 

which is not recoverable when the load is removed. 
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Figure 1-2. Schematic stress-strain diagram of metals under tension. 

 

 

(b) Microscopic deformation behaviour 

This macroscopic observation can also be studied from atomistic point of view. In a 

crystalline solid, stress and strain relation is realised through understanding the interaction 

between atoms. Figure 1-3 is a schematic plot showing how the interatomic force and 

potential energy varies with the separation of atoms (interatomic distance). The net force 

between two adjacent atoms is often considered as the sum of an attractive and a repulsive 

term. 

 

Figure 1-3. Schematic of variation of interatomic force and potential energy with 

atomic separation. Adapted from [25] 
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Potential energy is derived from the net force and the interatomic distance (𝐸 = ∫𝐹 𝑑𝑟). 

The resultant plot of the potential energy for two atoms reveals a potential well as shown 

in Figure 1-3. The equilibrium separation 𝑟0 corresponds to the lowest potential energy 

𝐸0 where net interatomic force is zero.  

In any macroscopic deformation attempt, an external force is required to change the 

interatomic distance, thus resulting displacement of atoms. In the elastic region, the 

attractive force is strong enough to return the displaced atoms to their original equilibrium 

positions, if the external force is removed. If the external force continues to increase, 

atomic displacement is not reversible and plastic deformation occurs. 

The maximum elastic atomic displacement just before the start of plastic deformation, is 

defined as the theoretical elastic strain of a material.  

 

(c) Theoretical elastic strain limit 

In classical mechanics of materials, theoretical elastic strain is approximately 1/100 of 

Young’s modulus of elasticity, corresponding to an elastic strain of ~10%  [26-28]. This 

limit has been confirmed by DFT calculations based on quantum mechanics. To 

determine the theoretical elastic strain of a crystalline solid, the stability of its crystal 

structure along specific crystallographic directions for a range of lattice distortions are 

investigated [29-31]. The theoretical elastic strain limit is defined as the onset of elastic 

instability observed in the form of plastic deformation or phase transformation [32]. 

Figure 1-4 shows an example of finding theoretical elastic strain limit of Fe by DFT 

calculations [33]. In this example, elastic stability of a body-centred cubic (BCC) Fe was 

investigated. Under tensile deformation, the BCC structure would attain either of two 

structures, the body centred tetragonal (BCT) or face-centred orthorhombic (FCO). The 

BCT structure is, in fact, the elastically strained BCC without losing the crystal symmetry. 

The FCO, however, is a transformed phase. Thus, the BCC→BCT deformation path is 

considered elastic while the BCC→FCO is a phase transformation path. It is clear that, 

with higher potential energy, the BCT structure is no longer stable for deformations larger 

than ~20% after which the FCO is more stable. i.e. the tensile elastic strain limit of Fe is 

~20%.  
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Figure 1-4. Elastic stability of BCC Fe under tensile deformation, presented in the 

form of potential energy as a function of applied tensile strain along [001] direction. 

The filled square is for the BCT path with tetragonal symmetry and open square 

shows the FCO path [33]. 

 

 

This theoretical elastic limit, however, is far higher than the practical elastic strain limit 

observed in everyday materials. 

 

(d) Elastic strain limit in bulk and low-dimensional materials 

In bulk crystalline solids used in engineering applications, elastic strains achieved are 

much smaller than the theoretical elastic strain limit of the solids. Steels, for example, 

have a typical elastic strain below 0.2%. The reason for this is the inevitably pre-existing 

microstructural defects and dislocations in bulk materials. These defects assist dislocation 

slip and facilitates localised plastic deformations. Hence, bulk solids fail plastically far 

before the theoretical elastic strain potential can be realised [34].  

Low-dimensional materials such as nanoparticles, nanowires, nanoribbons, and thin 

films, on the other hand, have been shown to exhibit elastic strains approaching their 

theoretical limits, in contrast to their bulk counterparts. For example, iron whiskers of 

~2 µm diameter have been demonstrated to have 4.9% elastic strain [35]. Copper 

nanowires with ~6 nm diameter demonstrated 7.2% elastic strain [36]. Silicon nanowires 

with ~100 nm diameter were observed to have more than 10% tensile elastic strain [37]. 

Additionally, diamond needles of 300 nm diameter were bent elastically close to 9% [38]. 

Furthermore, submicron Ni nanoparticles exhibited ultra large compressive strengths of 

up to 34 GPa that corresponds to an elastic strain of ~18% [39]. 
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Figure 1-5 shows yield strengths and elastic strains of some bulk metals as well as low-

dimensional materials. 

 

Figure 1-5. Log-log graph of yield strengths and elastic strains of some bulk metals 

and low-dimensional materials [35-40]. 

 

 

As illustrated in Figure 1-5, the elastic strains recorded in bulk metals such as steels, 

aluminium and copper are much smaller than the theoretical limits. Gum metals, a class 

of titanium alloys (e.g., Ti-9%Nb-3%V-6%Zr-1.5%O), have been shown to exhibit 

exceptional elastic properties, but their maximum elastic strains are still <2.5% [40]. 

Low-dimensional materials, in comparison, exhibit significantly large elastic strains of 6-

18%, close to their theoretical elastic strain limits.  

The ability of low-dimensional materials to tolerate large elastic deformation is attributed 

to the much reduced defect density in nanoscales. In addition to that, in materials with 

low dimensions, those few pre-existing dislocations have a much-reduced travel distance 

to reach free surfaces compared to their bulk counterparts. Therefore, upon deformation, 

mobile dislocations are easily exhausted at the free surfaces and will not accumulate to 

form dislocation pile-ups, and thus prevents plasticity. As a result, these low-dimensional 

materials are able to approach their theoretical elastic strain limits [41]. The intrinsic 

ability of low-dimensional materials to deliver large elastic strain make them interesting 

candidates for ESE [1].  
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1.2.2. Low-dimensional materials for ESE 

With the rapid advancement of nano technology, low-dimensional materials can now be 

routinely produced in three categories, namely 0D, 1D and 2D. Being small in all 

dimensions, nanoparticles are considered as 0D. With their small cross-sectional 

dimension, nanowires, nanoribbons and nanotubes are regarded as 1D materials. 

Similarly, with the thin thickness, thin films are viewed as 2D materials. Although these 

low-dimensional materials are inherently capable of enduring large elastic strains, there 

are some technical and scientific limitations in generating large and uniform elastic strains 

in them. In addition, there is a further imposed challenge in utilising the created elastic 

strain in an applicable form in these materials. In other words, the elastic strains generated 

in low-dimensional materials need to be used in large scale for practical ESE applications. 

In this section, some of common approaches to create and exploit large elastic strain in 

low-dimensional materials and their practical limitations are explored. 

(a) Nanoparticles (0D) 

There are two scenarios elastic strains may be generated in in nanoparticles, the shape-

induced strain in polyhedral nanoparticles and mismatch strain in core-shell 

nanoparticles. 

Nanoparticles with polyhedral shapes such as icosahedrons, octahedrons, tetrahedrons 

may present strain in their external surfaces. This has been attributed to the surface strain 

energy minimisation in these shapes [42, 43]. For instance, in the surface region of FePt 

icosahedral nanoparticles, (111) planes were shown to have ~9% tensile elastic strain 

[44]. Another example of shape-induced elastic strains is shown in Figure 1-6. Here, 

icosahedral Pt3Ni nanoparticles of 10 nm in size were shown to experience an average 

tensile elastic strain of ~1.6% on their surfaces. In contrast, for the same alloy, the 

octahedral particles were under -1.6% (average) compressive elastic strains [45]. 
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Figure 1-6. Pt3Ni nanoparticles (a) transmission electron microscopy image and 3D 

model of icosahedral particles; simulated strain field of (b) icosahedral and (c) 

octahedral nanoparticles [45]. 

 

 

In core-shell nanoparticles, the shell material covers the core are often made of a different 

material. The interface between the two typically exhibits a tensile or compressive strain 

due to their lattice mismatch. Figure 1-7 shows a few examples of the core-shell structure. 

In the PtPb(core)-Pt(shell) nanoparticles of an average size of 20 nm, the Pt shell layer 

was shown to experience a compressive elastic strain of 11% [46]. In the Au(core)-

Pd(shell) nanocubes, the Pt shell has been found to have 3% tensile elastic strain [47].  
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Figure 1-7. Core-shell nanostructures (a) and (b) PtPb(core)-Pt(shell) nanoparticles 

[46]; (c) and (d) Au(core)-Pt(shell) nanocubes [47]. 

 

 

While creating elastically strained nanoparticles is possible, utilising this strain for 

practical ESE applications is rather challenging.  Firstly, it is apparent that the elastic 

strain generated in nanoparticles is not uniform and the exhibited strain cannot be 

manipulated. In addition, creating large and usable area from these nanoparticles is even 

more challenging. While self-assembly of nanoparticles to form 'supercrystals' may be an 

approach to resolve this issue [48, 49], creating usable areas of such supercrystals in mm 

scale is rarely achieved. This is due to numerous complexities involved in nanoparticle 

assembly, such as the involvement of van der Waals attraction, steric repulsion, and 

capillary forces interactions [50-52], and all these factors are materials system specific. 

(b) Nanowires (1D) 

Creating elastic strain in nanowires is commonly done by the mismatch strain or 

deformation-induced strain.  
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Similar to the 0D situation, a core-shell nanowire can be produced to generate the 

mismatch strain [53, 54]. For example, in Ge-Si core shell nanowires of 40 nm diameter, 

the silicon shell was reported to exhibit ~4% tensile elastic strain [55]. As expected, 

utilising the created strain for ESE in this case suffers similar limitations as in the core-

shell nanoparticles.  

Applying direct deformation to a single nanowire and creating large elastic strains is 

possible, as demonstrated by in-situ transmission electron microscopy observations [56, 

57], but this is also not feasible for practical and large-scale ESE applications.  

(c) Thin films (2D) 

Comparing to 0D and 1D materials, creating elastic strain in 2D thin films for practical 

ESE is more favourable. This is because the thin films have the advantage of a large 

usable surface area. An elastically strained thin film adhered to a bulk substrate is 

naturally suited to practical applications. Therefore, creating elastic strain in thin films on 

substrate is a platform to enable practical and innovative applications of ESE [58]. 

Common methods of creating elastically strained thin films are discussed in the next 

section. 

1.3. Creating elastic strain in thin films 

1.3.1. Heterostructure-induced elastic strain 

(a) Lattice mismatch 

To date, creating elastic strains in thin films has been predominantly relying on 

heteroepitaxy. In this method, a single crystal film is grown on an 'alternative' substrate 

crystal [59]. Since the film and substrate materials are dissimilar, their lattice parameters 

are unmatched. Depending on the mismatch degree, two different epitaxial scenarios are 

possible, as illustrated in Figure 1-8. 
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Figure 1-8. Different epitaxial scenarios, adapted from [60]. 

 

 

Shown in the Figure 1-8a is the scenario of the strained mismatch. This occurs when the 

film and substrate atoms at the interface can geometrically accommodate their 

crystallographic differences by distorting their lattices. Consequently, an elastic strain is 

generated due to this lattice mismatch. But as illustrated in Figure 1-8b, if the lattice 

mismatch is too large, it cannot be accommodated elastically, instead misfit and 

dislocation defects form at the interface and no elastic strain would be created in the film. 

The elastic strain generated in an epitaxy system depends on the crystallographic 

orientation and interatomic spacing of the film and substrate materials [60]. Assuming 𝑎0
𝑓
 

is the bulk (unstrained) lattice parameter of the film and 𝑎𝑠
𝑓
 is the lattice parameter of the 

grown film, elastic strain in the film can be calculated from the following equation: 

 𝑒 =
𝑎𝑠

𝑓
− 𝑎0

𝑓

𝑎0
𝑓

 (1-1) 

In a special case of epitaxial film growth where the film and the substrate both have the 

same crystal structure and the film follows the same orientation of the substrate’s lattice 

, then the elastic strain produced in the film is expressed by the following equation [61]: 

 𝑓 =
𝑎0

𝑠 − 𝑎0
𝑓

𝑎0
𝑓

 (1-2) 
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where 𝑎0
𝑠 is the lattice parameter of the substrate. 

An example of the hetroepitaxy is the silicon (Si) – germanium (Ge) system. Ge has a 

lattice parameter that is only 4.2% larger than Si, and they have the same cubic crystal 

structure, thus have complete solubilities in each other. Consequently, the Si1-y Gey (y =0-

1) with tailored atomic spacing (𝑎𝑆𝑖 ≤ 𝑎𝑆𝑖𝐺𝑒 ≤ 𝑎𝐺𝑒) can be used as a substrate for growing 

tensile strained Si films. For example, the Si thin film epitaxially grown on a Si0.75 Ge0.25 

substrate has 1% tensile strain [62]. Additionally, alloyed Si1-x Gex (x =0-1) thin films 

grown on a Si substrate can be fabricated to be subjected to varied levels of  compressive 

strains [63, 64] by controlling the alloy composition. Table 1-2 presents some examples 

of the elastic strains generated in epitaxy thin films. 

Table 1-2. Examples of measured elastic strain created by lattice mismatch. 

Thin Film Substrate 
Elastic 

strain (%) 
Ref. 

Pt Al2O3 +0.9 [65] 

Nb MgO -0.7 [66] 

Nb Al2O3 -1.7 [67] 

Fe W +0.4 [68] 

Fe Mo -6.5 [69] 

PbTiO3 SrTiO3 +16.5 [18] 

La2CuO4 SrTiO3 +2.0 [12] 

BaTiO3 DyScO3 -1.7 [70] 

LaCoO3 SrTiO3 +1.4 [11] 

LaCoO3 SrLaAlO4 -2.5 [11] 

 

Additionally, it has been predicated [71, 72] and experimentally measured [73-75] that 

the elastic strains created by the lattice mismatch in heteroepitaxy may be relaxed if the 

film exceeds a critical thickness. Essentially, if the film is less than a critical thickness, it 

will remain coherent with the substrate lattice and thus retains the elastic strain generated. 

For a thicker film, however, the elastic strain energy cannot be contained elastically, and 

will be relaxed by forming misfit dislocations.  

This critical film thickness depends on the growth orientation and lattice mismatch [76, 

77]. Figure 1-9 presents two examples of critical thickness and its limitation on the 

generated epitaxial strains. 
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Figure 1-9. Critical thickness and its effect on epitaxial mismatch strain (a) Calculated 

critical thickness of silicon film on SiGe substrate, adapted from [76]; (b) Measured and 

calculated critical thickness of epitaxial Cu (001) film grown on Fe (001) substrate, 

adapted from [73]. 

 

 

As shown in Figure 1-9a, the critical thickness of the Si film rapidly declines with the 

increased mismatch strain in this Si on SiGe substrate system. At a mismatch strain of ~ 

0.6%, the Si film cannot exceed a thickness of 10 nm to retain this lattice strain. For the 

Cu film on Fe substrate, a mismatch strain of ~6% is almost completely vanished as the 

film thickness exceeds 10 nm.  

It becomes apparent that the success in creating large elastic strain by epitaxial film 

growth depends strongly on the crystallographic compatibility of the film and substrate. 

It imposes significant restrictions not only on the film materials that can be selected, but 

also on the magnitude of elastic strain that can be produced for the selected film material, 

and film thickness. Furthermore, for a given epitaxial film/substrate system, it is not 

possible to control or change the elastic strain of the film.  

(b) Thermal expansion mismatch 

Elastic strain in thin film may also be created by thermal expansion mismatch. Thin films 

fabricated at high temperatures on a substrate of dissimilar thermal expansion coefficient, 

will experience thermal stress when cooled to the room temperature. Since the substrate 

is commonly much thicker than the film, it remains virtually stress-free. Assuming the 

plane-stress condition for the thin film, and if the generated thermal stress is below the 
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yield stress of the film and is not released via crack or buckling, in-plane elastic strain of 

the film caused by thermal mismatch can be calculated as following [60]: 

 𝜀𝑡ℎ = ∫ (𝛼𝑓 − 𝛼𝑠) 𝑑𝑇
𝑇𝑅𝑇

𝑇𝑔𝑟𝑜𝑤𝑛

 (1-3) 

where 𝜀𝑡ℎ is thermal mismatch elastic strain, 𝑇𝑔𝑟𝑜𝑤𝑛 and 𝑇𝑅𝑇 are the deposition and room 

temperature, respectively, and  𝛼𝑓 and 𝛼𝑠 are the thermal expansion coefficient of the 

film and the substrate, respectively. It is apparent that if the thermal expansion coefficient 

of the film is larger than the substrate, the strain will be tensile and vice versa. Table 1-3 

shows some examples of the elastic strain in thin films created by thermal mismatch. 

Obviously, the magnitude of elastic strain of thermal mismatch is well below 1%. Elastic 

strain produced by thermal mismatch is limited by the deposition temperature and relies 

on thermal coefficient mismatch. Therefore, this technique cannot be used for film 

deposition methods at room (or close to room) temperatures. 

Table 1-3. Examples of elastic strain created by thermal mismatch. 

Thin Film Substrate Growth conditions 
Thermal 

strain (%) 
Ref. 

ZnO 

Al2O3 As-deposited 600°C -0.02 

[78] 
Al2O3 Annealed 800°C / 5 hrs -0.03 

SiO2 As-deposited 600°C 0.40 

SiO2 Annealed 800°C / 5 hrs 0.56 

Ge Si 825°C hydrogen annealed 0.20 [79] 

BaSrTiO3 

MgO As-deposited 700°C -0.36 

[80] Al2O3 As-deposited 700°C 0.15 

Si As-deposited 700°C 0.44 

BaTiO3 
MgO As-deposited 750°C -0.28 

[81] 
GaAs As-deposited 750°C 0.23 

 

 

1.3.2. Deformation-induced elastic strain 

Apart from technical and practical limitations, inducing large and uniform elastic lattice 

strains in free-standing thin films is challenging because of the participation of various 

mechanisms of plasticity and local structural damages like in bulk materials. In-situ 

transmission electron microscopy (TEM) observations have shown that free-standing thin 

films can hardly endure elastic strains greater than 1% [82-87], because of the occurrence 
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of local damages when a global deformation is applied to a film, such as intergranular 

plastic deformation at surface imperfections and grain boundaries. The occurrence of 

intergranular dislocations and grain boundary sliding causes deformation localisation and 

necking, thus preventing uniform and large elastic lattice strains [88-90].  

In contrast, a thin film that is well bonded to a substrate behaves very differently 

compared to a free-standing one. In this case the mode of deformation of the film is 

dictated by the mode of deformation of the substrate. If a substrate deforms via a 

mechanism that is uniform at the lattice level, the film on top of it will also be made to 

deform in a manner that is uniform at the lattice level, i.e. in true lattice elasticity. This 

gives a chance for the film to deform elastically to strains far beyond its free-standing 

counterpart [91]. Polymers and metallic substrates are commonly used as substrate, but 

they have not been able to induce large elastic deformations on the film as they are unable 

to create strains that is uniform at lattice level. 

(a) Polymer substrates 

Polymer substrates also offer an additional advantage of being flexible for certain 

applications. Flexible substrates made of polymers have more than 30% viscoelastic 

deformation behaviour and are widely used in flexible electronics [92], 

microelectromechanical systems (MEMS) including ferroelectric actuators [93] and 

piezoelectric thin films [94]. While there are numerous studies on the mechanical 

properties of thin films deposited on polymer substrates, attempts to induce large elastic 

lattice strains in thin films have not been successful.  

In such systems, the reported failure mechanisms in the literature are mostly strain 

localisation [95, 96] in the stretched films. Factors influencing the strain localisation 

include the mismatch of Young’s moduli of the film and the substrate and creep of the 

substrate.  

Finite element modelling studies have shown that at the interface of the substrate and the 

film with initial imperfections (cracks), the stress concentration at the site strongly 

depends on the Young’s modulus mismatch of the film and substrate [97]. Thus, flexible 

substrates with low elasticity modulus are not quite successful in retarding strain 

localisation of the film. Figure 1-10 shows the Young’s moduli of common thin film 

materials and flexible substrate systems used in stretchable electronics. 
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Figure 1-10. Young’s modulus range of various materials used in stretchable 

electronics. 

 

 

As seen, the Young’s moduli of flexible substrates such as polydimethylsiloxanes 

(PDMS), rubber and polyimide are 5, 3 and 1 order of magnitude lower than that of 

metals, respectively. Large stiffness difference between the film and substrate results in 

debonding and delamination due to increased stress concentrations along the edge of film 

and substrate [98]. 

Creep and stress relaxation of polymer substrates may also cause strain localisation in 

thin films [99]. To induce large and uniform lattice strain in a film, the substrate must 

maintain its uniform deformation over time. Due to their viscoelastic nature, under 

constant stress, polymers exhibit time dependent strains, i.e. creep and stress relaxation. 

This encourages strain localisations in the film where initial imperfections reside. 

These two factors are responsible for the small elastic strains in metallic thin films 

deposited on polymer substrates that have been reported in the literature [100-103]. The 

highest elastic lattice strain reported in a metallic film achieved by a polymer substrate is 

< 1% for a Ni film deposited on a pre-tensile stressed polyimide substrate [100]. 

 

(b) Metallic substrates 

Creating elastic lattice strains in thin films by mechanical deformation of a metallic 

substrate is another approach. However, elastic strains achieved in thin films by 

deformation of metallic substrates have been as low as a fraction of one percent [103-

105]. This is because that all metallic materials used as substrates to date deform in the 

classical elastoplastic behaviour. The elastic deformation is uniform at the lattice level 

but is usually limited to ~0.5% due to the commencement of non-elastic deformation 

mechanisms. The film on substrate can easily match the elastic deformation of the 
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substrate and exhibit the same elastic strains. The plastic deformation in metals occur 

primarily by the mechanism of dislocation slip. A dislocation incurs a 100% lattice strain 

in the crystalline lattice. A slip band typically contains 100~1000 dislocations within 

nanometer dimensions. This corresponds to upto 10,000% of localised strain within the 

lattice [106]. 

For example, deforming a metallic substrate by 3%, in an ideal scenario there will be 

three full dislocations per every 100 atoms along the length whereas the rest of 97 atoms 

are only generating a small elastic strain of 0.5%. On the other side of the interface, the 

thin film cannot elastically accommodate, or match with, the highly localised lattice 

strains at the dislocation site. The strain mismatch at the lattice level between the thin film 

and the plastically deformed substrate results in non-uniform straining and early yielding 

of the thin film. This defeats the objective of generating large elastic lattice strains in the 

film. In this regard, a different approach must be sought. 

 

1.3.3. A discovery: Nb nanowires embedded in NiTi matrix 

In a recent attempt, Hao et al. [107] used NiTi shape memory alloy as the supporting 

matrix to induce ultra large elastic strains in Nb nanowires embedded in the NiTi matrix. 

The NiTi matrix exhibits a unique stress-induced martensitic transformation (SIMT) 

deformation mechanism. The SIMT of NiTi is capable of generating large and 

recoverable crystallographic strains of 6-8%, which match perfectly both in the 

magnitude and uniformity at the lattice level with the elastic strains of low-dimensional 

materials [107]. Figure 1-11 shows microstructure of the NiTi-Nb nanowire composite 

and the mechanical properties of the Nb nanowires.  
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Figure 1-11. NiTi-Nb nanowire nanocomposite system. (a) bright filed TEM image of 

a longitudinal section of the sample, (b) dark filed TEM image of the cross-sectional 

area of the sample, (c) Nb (220) d-spacing strain evolution with respect to the applied 

macroscopic strain of Nb nanowire in SIMT matrix and in a dislocation slip matrix 

(the Nb (220) plane being perpendicular to the loading direction was measured by 

XRD synchrotron technique) [107]. 

 

 

The composite contained a NiTi matrix with 20~30 nm grains and Nb nanowires of ~30 

nm in diameter and 50~100 nm spacing in between. The red curve in (c) shows the elastic 

lattice strain of the Nb nanowires during deformation of the composite, when the NiTi 

matrix deformed via SIMT. The Nb nanowires achieved an ultra-large elastic lattice strain 

of 6.5%. The black curve in (c) presents the elastic lattice strain of the Nb nanowires 

during deformation of the same composite when the NiTi matrix deformed via dislocation 

slip (plastic deformation), achieved by moderately increasing the testing temperature (e.g. 

to ~100 °C). The elastic lattice strain achieved by the Nb nanowires in this case was only 

1.3%, much lower than that when the NiTi matrix deformed via SIMT. This experiment 

demonstrated the validity of using martensitic transformation in metals as a means to 

induce ultra-large elastic lattice strains in low-dimensional materials (e.g. nanowires and 
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thin films) and at the same time proved the reason of the failure in the past when using 

plasticity metallic matrix materials. The ultra-large elastic strain of Nb nanowires 

achieved in the SIMT matrix is close to the theoretical limit of free-standing nanowires 

[107], and represents a breakthrough in achieving ultra-large elastic strains in the bulk 

form. It is achieved by the principle of ‘lattice strain matching’ between the martensitic 

phase transforming NiTi matrix and Nb nanowires. This novel concept opens new 

opportunities to explore other material system designs to induce ultra-large elastic strains 

in low-dimensional materials by using the martensitic phase transformations in many 

metal alloys. 

 

1.3.4. Lattice strain matching concept 

The concept of lattice strain matching can be realised from comparing the mechanical 

behaviour of phase transforming matrix and conventional metallic matrix at crystal lattice 

level. Figure 1-12 schematically presents a comparison between the two distinctive lattice 

strain matching and lattice strain mismatching mechanisms. 

 

Figure 1-12. Schematic comparison of load transfer in the interface of a nanowire and 

(a) conventional metallic matrix with elastoplastic mechanical behaviour resulting in 

a lattice strain mismatching, and (b) SMA matrix with austenite (A) to martensite (M) 

phase transformation leading to the near perfect lattice strain matching [108]. 

 

 

In a conventional metallic matrix composite adjacent to a nanowire shown in Figure 

1-12(a), the matrix undergoes plastic deformation under the applied force via the 

dislocation slip mechanism. In this case, the dislocations are local inelastic strains of 
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100% while the rest of the matrix is only deformed elastically by less than 1%. Such a 

non-uniform strain field cannot be matched by the nanowire and is far beyond its elastic 

strain limit [108]. In a SMA matrix, however, the transformed martensite bands create 

uniform recoverable deformations of ~6-8% that can be mediated by the neighbouring 

atoms adjacent to nanowire as shown in Figure 1-12(b). 

 

1.4. Motivation of this work 

Lattice strain matching concept discovered in the NiTi-Nb nanowire composite has 

opened an avenue to design new material systems that enable harnessing intrinsically 

large elastic strain of low-dimensional materials in the bulk form. Inspired by the lattice 

strain matching concept between the nanowires and phase transforming NiTi matrix, it is 

predicted that if NiTi is used as the substrate, it can induce large elastic strains in a thin 

film. Such thin film on substrate material system or assembly has the potential for creating 

enhanced surface functional properties such as photonic, catalytic or electrochemical 

properties for targeted applications by elastic strains.  

The motivation of this work is to bring the possibility of generating large elastic strain in 

thin films by martensitic phase transformation of NiTi substrate into reality, and thus to 

create new opportunities for elastic strain engineering of functional thin films. This study, 

for the first time, investigates if the concept of lattice strain matching distilled from the 

study of nanowire-NiTi composites can be exploited in a thin film on NiTi substrate 

system. 
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Chapter 2. Generating strain by NiTi 

substrate and elastic strain in thin films 

In this chapter, the ability of NiTi alloys in generating large and uniform lattice strains 

that makes them a suitable substrate for inducing large elastic strain in thin films is 

explored. The unique thermomechanical properties of the NiTi and its different modes of 

deformation that can be exploited to generate strain is discussed. Some aspects of thin 

films that are related to the generation and determination of elastic strain are also 

investigated. This includes thin film fabrication, microstructure, internal stress and elastic 

strain measurement techniques. 

 

2.1. NiTi Phase transforming alloys as substrates 

Shape memory alloys (SMAs) are a unique class of materials with extraordinary 

deformation recoverability via martensitic phase transformation. Among the various 

SMAs, NiTi-based alloys are by far the most widely used for their excellent properties. 

This type of materials can generate large recoverable strains during phase transformation. 

Although conventional metal alloys also exhibit some levels of elastic deformation, the 

magnitude of recoverable strain that shape memory alloys can produce are far greater. 

For example, a spring made of steel may exhibit up to 0.5% recoverable elastic strain, 

whereas NiTi shape memory alloys exhibit typically 6-8% recoverable strain [1]. 

Martensitic phase transformation in SMAs can be described as uniform crystal lattice 

deformation at the atomic scale that could match the inherent elastic capability of low-

dimensional materials. Owing to their ability of exhibiting large recoverable strains, NiTi 

SMAs are exploited in a wide range of innovative applications such as mini-actuators and 

micro-electromechanical systems (MEMS), robotics, sensors, medical devices, such as 

stents, implants, orthodontic wires, mechanical and aerospace components, and civil 

structures [2, 3]. If used as a substrate, NiTi SMAs may be able to produce uniform and 

large strains in a thin film deposited on top. 

Since their discovery in early 1960’s, NiTi SMAs have attracted extensive interest in 

research and technological development. During the past decades, solid understanding of 

fundamental science of NiTi alloys have been stablished. This includes the 

phenomenological theory of martensite crystallography, thermodynamics of martensitic 
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transformations and comprehensive characterisation of the thermomechanical behaviour. 

To use NiTi as a substrate, some important aspects of its thermomechanical properties are 

discussed in this section. 

 

2.1.1. Martensitic phase transformation of NiTi 

The ability of NiTi SMAs in generating large recoverable strain is attributed to their 

thermoelastic martensitic phase transformations [4, 5]. Martensitic transformation is a 

diffusionless and reversible solid phase transformation from a high temperature austenite 

phase (A) with cubic crystal structure (B2) to a low temperature martensite phase (M) 

with monoclinic structure (B19'). In this transformation, rearrangement of the atoms in 

the B2 lattice occurs simultaneously to form the B19' lattice. The accumulated lattice 

distortion at the unit cell level is manifested as the change of crystal shape. Although this 

diffusionless rearrangement of atoms is small and essentially less than one lattice spacing, 

it involves a lattice distortion (shear deformation) demanding collective movement of all 

atoms within the lattice at close to the speed of sound. In this context, we consider it as a 

mechanical deformation at the atomic level (microscopic). Thus, martensitic 

transformation is a mechanical deformation process at not only the microscopic scale, but 

also at the macroscopic scale as schematically shown in Figure 2-1(a).  

The crystal shape change resulted from martensitic transformation produces a uniform 

strain that is referred to as the transformation strain. For the transformation to proceed, 

the crystal shape change must satisfy the mechanical constraint of a transforming rigid 

body. In a single crystal, there is no constraint to prevent the macroscopic shape change 

in the martensitic transformation. For a grain inside a polycrystalline body, however, the 

lattice distortion must be accommodated internally because the crystal is constraint by the 

surrounding grains which do not easily support the shape change. This can be done via 

two lattice distortion mechanisms: (i) internal slip, as schematically shown in Figure 

2-1(b) which is a form of irreversible plastic deformation, or (ii) by accommodation of 

lattice distortion via forming martensite plates in different orientations, as schematically 

shown in Figure 2-1(c) [6].  
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Figure 2-1. Schematic presentation of martensitic phase transformation, (a) lattice 

distortion caused by A→M phase change, (b) accommodation by internal slip 

dislocation, (c) self-accommodation of martensite variants. 

 

 

Obviously, the internal slip dislocation mechanism shown in Figure 2-1(b) is an 

irreversible process and thus is non-thermoelastic. Accommodation of martensite variants 

in the grain, on the other hand, is reversible and thermoelastic. Martensite phase has the 

total of 24 variants with an identical crystal structure but with different orientations. 

Therefore, the martensite variants are accommodated (twinned) in a way that causes the 

minimum shape change in the constraint grain. This is known as “self-accommodation” 

or “twinning” of martensite as illustrated in Figure 2-1(c). 

Since austenite phase is stable at higher temperature than that of martensite phase, the 

reverse transformation occurs at elevated temperatures which martensite is no longer 

stable. Thus, the transformation strain of A→M is recoverable. Temperature dependency 

of phase transformation in addition to its thermomechanical behaviour are discussed in 

the following section. 

 

2.1.2. Thermomechanical properties of NiTi 

Martensitic phase transformation can be triggered by either an external force or 

temperature. As a result, under different thermal and mechanical stimulants, different 
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thermomechanical responses in NiTi can be observed. To harvest their unique capabilities 

in generating strain, fundamental understanding of their thermal and mechanical 

characteristics is essential. Thermal and mechanical behaviour of NiTi is briefly discussed 

in the following section. 

(a) Thermal behaviour of NiTi 

Forward phase transformation (A → M) is an exothermic process and the reverse 

transformation (M→A) is an endothermic one. Differential scanning calorimetry (DSC) 

is commonly used to study thermal response of martensitic transformation. Figure 2-2 

shows thermal behaviour of a near equiatomic NiTi sample measured by DSC. 

 

 

Figure 2-2. Thermal behaviour of a NiTi sample measured by DSC. Adapted from [7] 

 

 

The peak on the cooling path shows the heat generated during forward transformation. 

Ms and Mf represent start and finish temperatures of martensitic transformation 

accordingly. The peak in the cooling curve shows the heat generated in the forward 

transformation and ΔΤfwd is the temperature interval of the forward transformation peak. 

The peak in the heating curve shows the heat absorbed in the reverse transformation. 

Similarly, As and Af denote the start and finish of the austenite phase transformation and 

ΔΤrev is the temperature interval of the reverse transformation. Thermal hysteresis ηAM is 

the temperature difference between these two transformation peaks and is typically ~30 K 
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[8]. Each of the peaks have a latent heat ΔH of ~25 J/g [8]. These parameters are used 

conventionally to describe the thermal behaviour of NiTi alloys and generally depend on 

the composition, heat treatment and mechanical deformation history of the alloy. 

(b) Mechanical behaviour of NiTi 

Martensitic transformation of NiTi can occur by external force. Figure 2-3 shows a stress-

strain curve of a polycrystalline Ti-50.7at.%Ni alloy under tensile loading at 296 K. 

 

Figure 2-3. Tensile deformation behaviour of NiTi at 296 K. 

 

 

The NiTi is in austenite phase at the testing temperature (296 K). The deformation is 

broken into four stages. Stage I is the elastic deformation of austenite phase. Stage II starts 

when the critical transformation stress 𝜎𝑐𝑟  is reached. In this stage, martensitic 

transformation begins. Phase transformation results in a stress plateau and a 

transformation strain 𝜀𝑡 . Further deformation in martensite phase continues via an 

increasing stress in stages III, where the apparent yield stress 𝜎𝑦 is reached. This stage is 

mostly elastic deformation of the transformed martensite as well as transformation of the 

remaining austenite [9, 10]. Stage IV is the plastic deformation of the martensite loaded 

above 𝜎𝑦. When the load is removed in this stage, there is a residual strain. Upon heating, 

some of this residual strain may recover via reverse transformation 𝜀𝑟𝑒 , and the rest 

permanently remains as the plastic strain 𝜀𝑝𝑙. 

Different deformation modes of NiTi is obtained at different testing temperatures. In 

Figure 2-4, thermal behaviour and mechanical response of NiTi under tensile deformation 
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are combined in a single diagram. Based on the ambient temperature and the NiTi’s 

phases shown in the DSC curve in Figure 2-4, mechanical behaviour of NiTi can be 

categorised into four types, namely the pseudoelasticity (PE), shape memory effect 

(SME), martensitic reorientation (MR) and two-way shape memory effect (TWME). 

 

 

Figure 2-4. Thermomechanical behaviour of NiTi under tensile deformation adapted 

from [11]. 

 

 

2.1.3. Pseudoelasticity 

As shown in Figure 2-4(a), for deformation temperature T1 greater than Af, NiTi shows 

pseudoelastic behaviour. When the stress reaches the critical transformation stress, A→M 

transformation occurs in a “Lüders-like” deformation behaviour with a finite strain in the 

direction of the load corresponding to the lattice distortion of the austenite. The created 

strain fully recovers upon removing the stress because the martensite is 

thermodynamically unstable at T1. Clearly, the generated strain does not follow the 

classical linear elasticity of Hooke’s law. Thus, this behaviour is referred to as 

pseudoelasticity (PE). The deformation mechanism is governed by SIMT during loading. 

Upon unloading, the reverse transformation occurs where the martensite returns to the 

austenite. Strain generated by PE of NiTi is about 6-8%. 
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2.1.4. Shape memory effect 

Deformation behaviour of austenite phase at temperatures between Ms and Af 

(Ms<T2<Af) is described by (b) in Figure 2-4 as the shape memory effect (SME). Similar 

to the PE behaviour, when the stress reaches the critical stress, finite strain of 

transformation is created by SIMT. However, the resultant martensite phase is stable at 

T2. Therefore, the transformation strain is locked in the NiTi and can only be recovered 

by heating the alloy to a temperature greater than Af. Between 6% to 8% strain can be 

created by SME in NiTi. 

 

2.1.5. Martensite reorientation 

Austenite phase of NiTi is no longer stable at temperatures below Mf , where the NiTi has 

a self-accommodated martensite phase. Deformation of the self-accommodated 

martensite is shown as (c) in Figure 2-4 as the stress-induced martensite reorientation 

(SIMR). The stress-strain response is comparable to the SME, but in this case, when the 

applied stress exceeds a critical value, the self-accommodated martensite variants are 

reoriented (detwinning). The reorientation process is accompanied with the formation of 

intergranular internal stresses opposing the deformation in addition to some plastic 

deformations [12]. Upon heating to a temperature higher than Af, the transformation strain 

can be recovered. The range of strain created by MR is the same as SME, between 6-8%. 

 

2.1.6. Two-way shape memory effect 

The two-way shape memory effect (TWME) is the shape change of “trained” NiTi in the 

absence of an external force denoted as (d) in Figure 2-4. Training of NiTi can be 

conducted by two methods. In the first method, under a biased load, the alloy undergoes 

repeated thermal phase transformation cycles. The second method is by a simple 

deformation. This can be achieved by either MR or SME of the NiTi. In both techniques, 

anisotropic internal stresses and directionally organised dislocation arrays are formed that 

upon phase transformation reversal by heating, remain in the NiTi (i.e. training process). 

In subsequent cooling of NiTi, martensitic transformation is guided by the existing stress 

fields that promote the development of preferentially oriented martensite [9]. About 5% 

strain can be created by TWME of NiTi [13]. 
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2.1.7. Generating large deformations using NiTi substrate 

NiTi is able to exhibit all deformation modes of PE, SME, MR and TWME under tensile, 

shear and compression stresses [10, 14, 15], yet, for a thin film on substrate configuration, 

applying tensile stress is the only practical option. Figure 2-5 shows how 

thermomechanical behaviour of NiTi under tensile deformation can be used to generate 

tensile or compressive strains in the thin film on top.  

 

 

Figure 2-5. Using deformation modes of NiTi substrate to create tensile or compressive 

strain in thin film. (a) martensitic reorientation, (b) shape memory effect, (c) 

pseudoelasticity, (d) two-way shape memory effect. Adapted from [9]. 

 

 

In Figure 2-5, different phases of NiTi substrate are shown by mesh and the thin film is 

shown by an orange bar on top. The square shaped mesh represents austenite phase. Self-

accommodated and reoriented martensite phases are shown by zig-zag mesh and 

parallelogram mesh respectively. 
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In SIMR mode shown in Figure 2-5(a), both tensile and compressive strains can be 

induced in a film on NiTi substrate. To produce tensile strain, the films is deposited on a 

NiTi that is in self-accommodated martensite state. By tensile deformation of NiTi 

substrate, SIMR will cause tensile strain in thin film. To produce compressive strain in 

the film, the NiTi substrate is first deformed by SIMR. The deposited film on the 

deformed substrate will have compressive strain by heating the NiTi and reverse 

transformation. 

Similarly, SME can generate tensile and compressive strains, as shown in Figure 2-5(b). 

Tensile strain can be generated by depositing a film on an undeformed NiTi substrate. 

Upon deformation, SME of NiTi will result in tensile strain in the film. To induce 

compressive strain, the film can be deposited on a deformed NiTi substrate. The substrate 

reverse transformation by heating will create compression in the film. 

For PE mode shown in Figure 2-5(c), only tensile strain can be induced in a film by 

depositing a film on NiTi in austenite phase. Upon SIMT of NiTi, the film experiences 

tensile strain. In this case, by removal of tensile load, the generated strain is recovered, 

thus, for the tensile strain to be retained in the film, active load must be maintained on the 

NiTi substrate. 

In TWME shown in  Figure 2-5(d), both tensile and compressive strains can be created 

in the film by changing temperature. The NiTi substrate is first trained to exhibit TWME 

by tensile deformation. Then, the film is deposited on the reoriented martensite substrate. 

After annealing, the film will be under compressive strain. By cooling and heating the 

substrate, tensile strain is generated in the film. 

In this PhD project, one of the deformation modes of NiTi to induce elastic strain in thin 

films have been investigated. SIMT of superelastic NiTi substrate has been used to 

generate large elastic tensile strains in thin film. PE loading cycles (via SIMT) of NiTi 

substrate has the advantage of inducing large strains to the deposited film on top by the 

application of an external load. In this mode of deformation, the strain recovery is also 

possible to be studied in-situ under XRD by removing the external load. This is unlike 

other modes of deformation which require thermal treatment after deformation for strain 

recovery. Detail of experimental procedures and designs are discussed in Chapter 3 and 

the results are presented in Chapter 5 and 6 of this thesis.  
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2.2. Thin films 

Thin films and coatings have a trace of history for over a thousand years. With vast 

applications in a variety of fields such as electronics, aeronautics, aviation, defence, 

automotive, and many more, the science of thin films has become an important branch in 

materials science and engineering, and intertwines with other branches of science such as 

metallurgy, electronics, physics and chemistry. Generally, a thin film is referred to a layer 

of less than one micrometer thickness and a thicker film is called a coating. The following 

section discusses some important aspects of metallic thin films pertinent to the elastic 

strains. 

 

2.2.1. Thin film fabrication 

There are a variety of thin film fabrication processes that may be classified in two groups, 

namely the physical and the chemical deposition processes. In physical vapour deposition 

processes, the film material is vaporised from its solid or liquid source and transported in 

the form of vapour through an environment and condenses on a substrate surface. Thermal 

evaporation and sputter deposition are examples of physical vapour deposition process. 

Chemical deposition, on the other hand, involves chemical reactions during the process. 

Chemical vapour deposition (CVD), for instance, is usually done at high temperatures in 

which one or more volatile precursors undergo formation of a compound or 

decomposition on the substrate surface. A thin film deposition process can also be done 

in different deposition environments, for example, under vacuum, plasma, gaseous, or 

even carried out electrolytically in solution. 

Different deposition methods use different deposition processes with the flexibility of 

utilising different deposition environments. Thus,  the thin film deposition methods are 

often categorised by the techniques employed [16]. Figure 2-6 summarises some of the 

most commonly used deposition methods. 
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Figure 2-6. Most common thin film deposition methods and their subcategories.  

Adapted from [16] 

 

 

As shown in Figure 2-6, some of the deposition methods such as magnetron sputtering 

and molecular beam epitaxy has the flexibility of using both chemical and physical 

deposition processes.  

The deposition technique influences the film’s properties in various ways, including the 

crystallinity structure, internal stress, physical uniformity and compositional 

homogeneity of the resulted film, and all of these are important factors that may affect 

the elastic strain transfer capability of the film. In addition, the deposition technique and 

conditions employed may affect the thermomechanical properties of the NiTi substrate. 

For instance, in generating tensile strain in thin films by SIMR of NiTi, the film must be 

deposited on self-accommodated martensite phase. Since the maximum Af of NiTi is 

around 90C [8], deposition methods in which the substrate temperature is higher, NiTi 

will transform to austenite and thus SIMR cannot be used.  This will constrain the type 

and magnitude of elastic strains capable of being generated by the substrate to the thin 

film atop. 
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In this section, thermal vacuum evaporation, electroplating and sputtering, as the most 

common methods used to fabricate metallic thin films, are briefly reviewed. Parameters 

that affect film and NiTi properties are mentioned and some of their main advantages and 

disadvantages are identified. 

 

(c) Electroplating 

In electroplating, a metallic layer is deposited on the surface of negatively charged 

substrate (cathode). The electrodeposition process occurs in an electrolytic cell consisting 

of a positive electrode (anode), and an electrolyte solution. The electrolyte is an aqueous 

solution containing metallic ions and it enables electric current between the cathode and 

anode.  

Electroplating is capable of producing a wide range of metals and metallic alloys and film 

thicknesses, from very thin films (~100 nm) to thick coatings (electroforming) [17]. 

However, creating films with uniform thickness can be difficult. Mostly, contamination 

and composition inhomogeneity are common issues in the films resulted from 

electroplating. This presents critical limitations on inducing elastic strain in the films 

because uniform thickness and compositional homogeneity are the pre-requisites for 

inducing large and uniform elastic strain in the film.  

 

(d) Thermal (vacuum) evaporation 

Thermal deposition, which is sometimes called vacuum evaporation, is a physical vapour 

deposition (PVD) process. In this method, the film’s source material is heated and 

vaporised in a vacuum environment (10-5 to 10-9 Torr). The evaporation is generally done 

using a thermally heated tungsten coil, and it can also be done by applying high energy 

electron beam (e-beam) to the source material directly. In this method, the substrate is 

mounted in the “line of sight” of the evaporating material but must have a considerable 

distance from the heating source to reduce excessive radiation heating.  

While the thermal deposition is a favourable fabrication technique due to its high 

deposition rate, ease of implementation, and low cost, it has numerous shortcomings 

including difficulty in producing uniform film thickness and challenging to control 

substrate’s surface temperature. The latter particularly limits the mode of deformation in 

the NiTi substrate. 
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(e) Sputtering 

Magnetron sputtering [18], rf sputtering [19], bias target ion beam deposition [20] and 

reactive sputtering [21] are all subcategories of sputtering. Sputtering is a non-thermal 

vaporisation process. In this technique, the surface of a film source (target) is bombarded 

by energetic ion particles. The collision of the energetic ions with the surface atoms of a 

target material results in an exchange of momentum between them. This leads to the 

ejection of particles of the target material into the deposition chamber [22].  

The kinetic energy level of the ejected particles during sputtering may affect the 

properties of deposited film in two ways. First is the increased internal stress caused by 

peening effect of the high energy incident particles. The second is the film lattice dilation 

caused by entrapment of foreign atoms. In this regard, the pressure in deposition 

environment is important. In vacuum and plasma pressure of <1 mTorr (low-pressure 

sputtering), the sputtered source particles have minimum chance of collision with the 

plasma gas phase. Therefore, the sputtered particles maintain their kinetic energy level 

when they reach the substrate. Hence, low-pressure plasma sputtering has a few 

advantages such as desorption of the gases that may have trapped inside the film and re-

sputtering of loosely bonded film material [23]. 

For sputtering at higher plasma pressures (10-3 – 10-1 Torr), sputtered particles have a 

greater chance of collisions before they reach the substrate surface. As a result, when they 

reach the substrate, the sputtered particles loose some of their momentum. Thus, the 

shortcoming of this technique is the entrapment of gas phase inside the film. This may 

become an issue and further annealing steps may be required [16, 23]. The advantage of 

this method is that reactive sputtering is possible by introducing a reactive gas such as 

oxygen or nitrogen into the deposition chamber. The sputtered particles of target are 

thermalised by the gas phase and compounds particles are synthesized as they approach 

the substrate.  

In contrast to the thermal (vacuum) deposition, there is no radiative heating effect 

involved, thus the substrate’s surface temperature can be better controlled. This allows 

film deposition without the risk of approaching Af  for the martensitic phase of the NiTi 

substrate. 
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2.2.2. Stress in thin films 

Internal stress in thin films may affect the goal of inducing and measuring elastic strains 

in thin films in two ways. Firstly, if the internal stress is too high, it causes issues in the 

integrity of the film in the form of cracks or delamination from substrate. Additionally, 

the stress and elastic strain of the films are linked and to determine the magnitude of 

transferred elastic strain to the film by NiTi phase transformation, initial strain (stress) 

state of the film must be known. 

The internal stress in thin films was first observed by Gore in 1858 when he reported on 

unstable state of electroplated antimony thin films liable to cracking and curling [24]. 

Since then, there has been many studies to understand the origins of internal stress in thin 

films, and many methods have also been developed to measure this stress [25]. The 

origins of the internal stresses and some of the stress measurement techniques are briefly 

discussed in the following. 

(f) Sources of internal stress in thin films 

Internal stress, also commonly known as intrinsic stress, is strongly dependent on the 

materials involved, as well as on the deposition processes and conditions. In a 

comprehensive review by Doerner and Nix [26], mechanisms for stress generation during 

film deposition have been investigated. Some of the origins of internal stresses include  

▪ Epitaxy 

▪ Grain growth (reduction of grain boundary area) 

▪ Incorporation of impurities 

▪ Coalescence of film clusters to reduce surface area 

▪ Annihilation of vacancies 

▪ Ion irradiation for sputter deposited films 

▪ Grain boundary relaxation 

▪ Shrinkage of grain boundary voids 

▪ Precipitation and phase transformations 

In general, these mechanisms make the deposited film either dilated or shrunk, relative to 

its stress-free state. For example, the epitaxy and phase transformation may cause both 

film shrinkage and dilation effects depending on materials systems, the incorporation of 

impurities causes dilation, and the coalescence of film clusters only leads to shrinkage of 

the film.  
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When the film is restricted by a substrate, the above-mentioned volume change 

mechanism in the film results in the generation of internal stress. Figure 2-7 schematically 

illustrates how a dilation mechanism creates compressive internal stresses in a thin film 

on a rigid substrate. 

 

 

Figure 2-7. Schematic of internal stress in free standing thin film and attached on a 

rigid substrate. (a) stress-free film, (b) dilated film detached from substrate, (c) a 

dilated film attached to the substrate under compressive stress. Adapted from [26] 

 

 

If a section of relaxed film on a substrate is cut and then removed from the substrate, the 

stress-free film will have the same lateral size as the substrate as shown in Figure 2-7(a). 

However, as depicted in Figure 2-7(b), if the volume of the stress-free film changes by 

any of the aforementioned dilation mechanisms, it needs to be compressed to fit to the 

same substrate (Figure 2-7(c)). As a result, the film will experience compressive stress. 

For film deposited at room temperature by the PVD methods, their stress behaviour can 

be classified in two groups [27]. Type I are high melting materials with low mobility and 

typically have tensile stresses. Metals such as Fe, Co and Cr are examples of the type I. 

Development of tensile stress in these materials is claimed to be caused by island 

coalesce. During this thin film growth stage, tensile stress is formed when nearby film 
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islands are merged to close the spaces between them and minimise the sum of surface and 

interface energies [28]. The magnitude of tensile stress may reach to several GPa as 

experimentally measured [29, 30]. Type II are low melting temperature, thus high 

mobility materials like Cu, Al and Au. These materials generally exhibit a tensile-

compressive stress behaviour. They first develop a small tensile stress as they coalesce 

but as the film thicken, the stress becomes compressive [31, 32]. Figure 2-8 presents an 

example of the stress evolution behaviour in Cr as type I and Au as type II. 

 

 

Figure 2-8. Real-time stress evolution in Cr and Au films [27].  

 

 

For sputter deposited metallic films, pinning effect caused by shot-peening effect or 

entrapment of sputtering gas can be the dominant mechanisms for compressive stresses 

they experience [33-38]. In this case, even metals with low mobility may experience large 

compressive stresses [33, 39-41]. This phenomenon has been observed in sputter 

deposited films with high melting temperature. Compressive stresses in W with -1.5 GPa 

[42] and -3 GPa [43], Mo film with -2 GPa [44] and -4 GPa [45] are examples of large 

compressive stresses in the sputter deposited films. 
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(g) Stress evaluation by substrate curvature measurement 

In early 1900’s, George Gerald Stoney discovered that metallic films deposited on a steel 

substrate are bent in the absence of external loads. He discovered that the internal stress 

is responsible for the observed deformation in the film/substrate system because by 

annealing, the internal stresses were relaxed and the film samples were straightened. 

Stoney developed a method to determine the internal stress from the radius of curvature 

of the film/substrate assembly [46]. Despite all the progress and developments in methods 

of stress evaluation in thin films in the last century, the Stoney’s concept for stress 

analysis has remained the basis for the estimation of thin film stress in a wide variety of 

applications such as surface coating, MEMS and optoelectronics [47]. 

The Stoney equation can be derived from the diagram shown in Figure 2-9. The 

film/substrate assembly shown in Figure 2-9(a), has the unit width of 𝑤, film thickness 

of ℎ𝑓  and Young’s modulus of 𝐸𝑓 . Substrate has the thickness of ℎ𝑠  and Young’s 

modulus of 𝐸𝑠. The internal stress of the film interacts with the substrate via the interface. 

The free body diagram in Figure 2-9(b) shows the effect of interfacial stresses as 

equivalent force and moments; 𝐹𝑓 and 𝑀𝑓 for the film, and 𝐹𝑠 and 𝑀𝑠 for the substrate. 

 

Figure 2-9. Stress analysis of film/substrate. (a) assembly structure, (b) free-body 

diagrams of film and substrate, (c) elastic bending of beam under applied end 

moment. Adapted from [39]. 
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From mechanical equilibrium of forces, it can be concluded that the film and substrate 

forces are equal (𝐹𝑓 = 𝐹𝑠). However, if the film/substrate assembly is free to move, the 

net moment creates bending in the assembly. Figure 2-9(c) shows the effect of bowing 

caused by the net moment. The Stoney formula can then be derived from stress analysis 

of the curved beam [39]: 

 𝜎𝑓 =
𝐸𝑠ℎ𝑠

2

6(1 − 𝑣𝑠)ℎ𝑓 𝑅
 (2-1) 

 

where 𝜎𝑓 is the internal stress in the film, 𝑣𝑠 is the Poisson’s ratio of the substrate and 𝑅 

is the radius of the composite at its neutral axis. 

Stoney equation is valid under the following conditions: 

- Mechanical properties of the substrate and the thin film are homogeneous, 

isotropic and linearly elastic. 

- Film thickness is much smaller than the substrate thickness (ℎ𝑓 ≪ ℎ𝑠). 

- The internal stress is equibiaxial and constant through the thickness direction. 

- Film and substrate deformations are small and are in the elastic range. 

- Initial curvature of the substrate is zero. 

For a substrate with initial curvature radius of 𝑅0, internal stress of the film is: 

  𝜎𝑓 =
𝐸𝑠ℎ𝑠

2

6(1 − 𝑣𝑠)ℎ𝑓
(
1

𝑅
−

1

𝑅0
) (2-2) 

 

To accurately estimate the internal stress of the film, elastic modulus and Poisson’s ratio 

of the substrate must be known. Single crystal silicon is commonly used as a substrate to 

estimate the film’s internal stress because it has well-studied elastic properties (𝐸=169 

GPa and 𝑣=0.064 for [110] direction of [100] silicon wafers) [48] and it is commercially 

available in the form of polished thin (80 µm – 300 µm) wafers. 

Although the estimated internal stress by curvature measurement is reliable and relatively 

accurate with less than 5% uncertainty [49], there are some limitations in this method. 

Firstly, it is limited to films deposited on thin elastic substrates (e.g., single crystal Si 

wafer). If the substrate thickness is much greater than the film, the change in the curvature 

may not be detectable. Secondly, if it is used to estimate the film stress on a different 

substrate, the calculated stress of the film on Si, may not be representative of the film 
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stress on the actual substrate. This is due to the different mechanisms involved in internal 

stress generation such as different thermal expansion coefficients or even epitaxy. For 

instance, Nb may epitaxially grow on Al2O3 [50] or MgO [51] substrates, while the 

fabricated Nb on Si substrate is polycrystalline due to the incompatibility of lattice 

parameters. 

 

2.2.3. Crystallographic texture in thin films 

Crystallographic texture is a result of preferential orientation growth of a thin film when 

it is being produced. This texture influences the microstructure characteristics and 

mechanical properties of the thin film. It may also impose challenges in determining the 

stress and strain state of the thin film. The formation mechanisms of the texture in 

polycrystalline thin films are briefly discussed in the following. 

Generally, the growth of a polycrystalline thin film by sputtering occurs in two main 

stages. The first is a pre-coalesce stage, where the film grows as independently nucleated 

islands, along the direction of vapour flux. In the second post-coalesce stage, these 

isolated islands eventually coalesce to form a continuous film. Further arrival of source 

particles leads to the thickening of the continuous film [52]. The two stages have different 

mechanisms influencing their preferential orientation formation. 

In the pre-coalesce stage, the interface energy is a strong function of the crystallographic 

factors. While the crystal structure of the substrate may impose restrictions to the growth 

orientation of the film being deposited via an epitaxy mechanism, for films growing on 

an amorphous substrate, the surface and interface energy minimisation between film and 

substrate is dominant. If this surface-interface energy for one crystallographic plane is far 

less than the other planes, it leads to the formation of isolated growing islands with this 

preferential orientation. Thus, these islands generally share the same crystallographic 

plane parallel to the substrate’s plane without restrictions on in-plane orientation; i.e. the 

resulted film is fibre-textured. 

During the post-coalesce stage, there is no contribution from the substrate surface and 

surface and interface energy minimisation between the film grains are the growth 

mechanism and result in the development of restricted crystallographic orientations or 

textures. Thus, the interface between two adjoining grains may alter the crystallographic 

orientation reached in pre-coalesce stage [53-56]. 
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Additionally, the vapour flux direction may also impact on the preferential orientation of 

the deposited films, as not all atoms will arrive at the deposited surface at all directions 

uniformly. Figure 2-10 shows the vapour flux distribution directions for various 

deposition techniques. As seen in the graph, the thermal evaporation under vacuum has 

the most restricted flux distribution. The sputter deposition has a slightly wider flux 

distribution, caused by the increased chance of multiple collisions and random flow 

direction of particles in a plasma environment. For the CVD, that naturally has a higher 

pressure than the other methods, the distribution is much broader due to multiple 

interactions with the deposition environment. As a result, films produced by thermal 

deposition and sputter deposition techniques have a higher tendency toward having a 

preferential growth [57]. 

 

 

Figure 2-10. Deposition flux direction distribution for different deposition methods. 

Adapted from source [57]. 

 

 

2.3. How to measure elastic strain in thin films 

Since elastic strain is directly linked to the stress, methods of evaluating stress in thin 

films can be used to determine the elastic strain in the thin films. These measurement 

techniques can be classified in two groups, namely the destructive and non-destructive 

methods. In the following, some examples from each of these methods are briefly 

discussed. 
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2.3.1. Elastic strain evaluation by hole-drilling and ring-core 

Hole drilling [58] and ring-core [59] methods are examples of destructive methods. In 

these techniques, an area on the film surface is separated from the rest of the sample by 

creating sections. This action causes surface relief and redistribution of the internal stress 

and is manifested by surface distortion. Using numerical modellings, the elastic strains 

originally presented in the film are then back calculated. Originally these methods had 

depth resolution of ~30 μm and thus were limited only to the measurement of elastic 

strains in thick coatings [60]. With the technological advancement in electron 

microscopy, micro-scale ring-core method was introduced to measure the elastic strain in 

thin films in 2009 [61]. It combines the scanning electron microscopy (SEM), focus ion 

beam (FIB) milling and digital image correlation (DIC) techniques to enable reliable 

elastic strain measurement of thin films with nanometre depth resolution [62]. The 

shortcoming of the technique is in its destructive nature because at least some part of the 

film surface will be destroyed. Additionally, the FIB may not be readily available. 

 

2.3.2. Elastic strain evaluation by x-ray diffraction 

It is known that stress changes the interatomic distance of solids. For crystalline solids, 

d-spacings act as virtual strain gauges and by comparing the measured d-spacing to the 

one in a stress-free sample, elastic strain can be calculated. Therefore, X–ray diffraction 

(XRD) can be used to determine the elastic strain in crystalline thin films. XRD can also 

provide a range of other information including crystallinity and preferential orientation 

of the film.  

Stress-free d-spacings of thin films may be different from their bulk counterparts due to 

entrapment of foreign atoms in the sputtering deposition process. Therefore, conventional 

XRD setup which only measures out-of-plane d-spacings may not be capable of fully 

resolving the strain and stress state of the thin films. To determine the elastic strain and 

internal stress of a thin film, having access to the d-spacing of both in-plane and out-of-

plane directions are required. Synchrotron XRD and sin𝜓2  are common XRD 

techniques, widely used to evaluate stress and strain state of thin films. 

(h) Synchrotron XRD 

The x-ray in synchrotron XRD facility is produced from the accelerated electrons (or 

positrons) in a magnetic field. This is the inverse of x-ray generation in conventional 

instrument where the x-ray is resulted from deceleration (collision) of electrons. The 
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intensity of the synchrotron x-ray is much greater, up to 102-106 times, than that of a 

conventional x-ray source [63]. This high energy nature gives the synchrotron XRD 

unparalleled advantages over the conventional XRD, including (i) high penetration, 

which makes it possible to extract crystallographic data of the sample in transmission 

mode; (ii) very low divergence, which enables highly accurate measurements; and (iii) 

high x-ray flux with high brightness (intensity per unit area) as well as high spectral 

brightness (intensity per unit area per unit solid angle per unit energy bandwidth) which 

enables fast and high resolution measurements. Thus, the synchrotron XRD has played a 

critical role in the frontiers of materials research, making many diffraction experiments 

possible where the conventional XRD could not do.  

To determine the stress and strain state of thin films using synchrotron, grazing incident 

XRD (GIXRD) synchrotron setup can be used. It uses a fixed and small incident angle 

(less than 2) and enables direct d-spacing measurements of in-plane and out-of-plane 

directions. For thin films specifically, GIXRD synchrotron can be used to determine 

stress-free lattice dimension, elastic strains and internal stress of thin films.  

(i) 𝒔𝒊𝒏𝟐𝝍 method 

To fully resolve stress and strain state of thin films under in-plane equibiaxial internal 

stress with unknown lattice size, access to in-plane d-spacing is crucial. Figure 2-11 

shows a typical XRD measurement setup commonly used to determine stress and elastic 

strain in thin films by 𝑠𝑖𝑛2𝜓  method. In conventional XRD setup shown in Figure 

2-11(a), only out-of-plane d-spacings that are parallel to the film surface can be measured. 

As shown in Figure 2-11(b), by tilting the sample, d-spacings of planes with the same 

tilting angle from the surface can be measured.  

 

Figure 2-11. Conventional XRD setup for determining stress and strain by 𝑠𝑖𝑛2𝜓 

method. (a) measurement of d-spacings parallel to the surface, (b) measurement of d-

spacings with an angle to the surface. 
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As derived and developed by Hauk et al in 1952 [64], for a polycrystalline sample under 

plane stress condition, the elastic strain at the tilt angle 𝜓 and the sine square of the tilt 

angle are directly related as expressed in the following equation: 

 𝜀𝜓 =
1+𝑣

𝐸
 𝜎 𝑠𝑖𝑛2𝜓 −

2𝑣

𝐸
𝜎  (2-3) 

 

The term “𝑠𝑖𝑛2𝜓 method”, however, was first introduced by Müller and Macherauch in 

1961 [65]. From this equation, both stress-free lattice size and internal stress can be 

extracted. While the  𝑠𝑖𝑛2𝜓 method has been widely used to evaluate the elastic strain 

and internal stress of polycrystalline thin films, it has some limitations when dealing with 

highly fibre-textured films. This is discussed in details in the Chapter 4 of this thesis.  

 

2.4. Thesis objectives 

The aim of this PhD thesis is to investigate the possibility of generating large elastic 

strains in thin films by using a martensitic transformation substrate, based on the principle 

of 'lattice strain matching' discussed in Chapter 1.  Because of the extremely small 

thickness dimension, the often textured structure of thin films and the complex mechanics 

condition of the film-on-substrate systems, to accurately determine the full strain and 

stress states of thin films is a challenging task. Secondly, whereas the 'lattice strain 

matching' concept has been proven to be effective in inducing ultra-large elastic strains 

in metallic nanowires embedded within a martensitic transformation matrix, how 

effective the principle is in a film-on-substrate assembly, which provides a very different 

mechanics system, is unknown. Considering these, this study has two main research 

objectives: 

(1) To establish new XRD method to determine elastic strain and stress states in fibre-

textured thin films. 

(2) To induce and retain large elastic strains in thin films using phase transforming 

NiTi substrate. 

With respect to objective (1), the purpose is to determine internal stress and strain states 

of thin films. The method enables the determination of stress-free state of the as-deposited 

film, thus defines the 'ground state' for elastic strain calculations. Using the established 

methods, the full stress and strain states of the strained film can thus be fully determined. 
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With respect to objective (2), the aim is to utilise the mode of SIMT deformation of NiTi 

to create elastic strain in Nb film. The Nb thin film-on-NiTi substrate material system is 

designed to take the advantage of superelasticity behaviour of NiTi to induce and transfer 

large strain in the Nb film. 

 

2.5. Thesis structure 

This thesis is presented in 6 chapters. An overview of the thesis structure is presented in 

the following. 

Chapter 1 presents a brief introduction to the background and motivation of the project. 

It also contains critical literature review on the methods of generating elastic strain in 

solids and low-dimensional materials. It also explains the concept of lattice strain 

matching and how it may be realised in a thin film on substrate system. 

Chapter 2 discusses the scientific challenges in determining the internal stress and elastic 

strain in a fibre-textured thin film. It also introduces the unique thermomechanical 

properties of NiTi alloys that can be used to generate large and uniform lattice strains.  

Chapter 3 reports the experimental procedures and designs that enable the investigation 

of inducing elastic strain to Nb thin film by phase transforming NiTi substrate. 

Chapter 4 presents a novel XRD method developed for determining the internal stress 

and elastic strain in a fibre-textured thin film. 

Chapter 5 examines the possibility of generating large elastic strain in Nb thin film by 

stress-induced martensitic transformation of NiTi. Previous attempts of generating large 

elastic strains in thin films using NiTi substrates are also discussed in this chapter. 

Chapter 6 presents the conclusions of this research project and provides suggestions for 

future work. 
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Chapter 3. Experimental design and 

procedures 

 

3.1. Experimental design 

3.1.1. Materials Selection 

Niobium (Nb) is selected as the thin film material based on its proven ability of 

withstanding large elastic strains as demonstrated in Nb nanowire/NiTi composite 

system [1]. 

Commercially available NiTi sheets from Memry GmbH were used in this project. To 

study elastic strain generation in thin film via SIMT behaviour of NiTi substrate, an alloy 

of Ni50.73at% -Ti nominal composition was used.  

 

3.1.2. SIMT of superelastic NiTi to generate strain in thin film 

Figure 3-1 illustrates the experimental design for the realization of strain transfer from 

the NiTi substrate to the Nb thin film via SIMT. The substrate’s longitudinal direction is 

defined as the y-axis and width as the x-axis, and the film growth direction is z-axis. The 

square mesh on the left side of the NiTi plate indicates the austenitic state of the NiTi and 

the orange bar on top of the mesh resembles the length of the Nb thin film along the y-

axis. The parallelogram mesh indicates the martensitic state under the in-situ uniaxial 

loading.  

http://youdao.com/w/parallelogram/#keyfrom=E2Ctranslation


64 

 

Figure 3-1. Experimental design and the assigned x-y-z coordinates. Step 1: as-prepared 

NiTi substrate in austenite state; Step 2: Nb thin film deposited on the NiTi substrate; 

Step 3: Nb thin film on SIMT of NiTi; Step 4: Nb thin film after strain recovery of NiTi. 

 

 

Overall, there are four major experimental steps to study the strain transfer from the NiTi 

substrate to the Nb thin film:  

Step 1: preparation of the NiTi substrate  

The NiTi substrates of 60 mm × 5 mm × 0.2 mm dimensions, were mechanically polished 

using SiC papers of 240 to 2400 grit progressively, followed by sequential diamond 

polishing using 6, 3 and 1 μm Al2O3 polishing suspensions to obtain a mirror finish. Prior 

to the thin film deposition, the substrate was cleaned in ultrasonic bath of deionized water, 

acetone, isopropyl alcohol and methanol for 10 minutes and blow dried by N2.  

Step 2: Nb film deposition 

Nb thin films was deposited on the prepared NiTi substrate with both ends masked prior 

to the deposition to leave a central length of 30 mm for Nb deposition. This thin 

film/substrate configuration allows for the tensile load to be applied only to the substrate, 

enabling the study of substrate strain transfer to the deposited thin film. Prior to inducing 

strain in the film, its internal stress, stress-free lattice parameter and elastic strains were 

determined using a method (the BBA-XRD method) developed in this PhD project and 
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presented in the Chapter 4 of the thesis. This information is required in the subsequent 

determination of the transferred elastic strain in the film. 

Step 3: In-situ XRD measurement of Nb film on the deformed substrate 

To measure the elastic strain in Nb film using SIMT of NiTi substrate, active load must 

be maintained on the NiTi substrate. An in-situ XRD measurement, is thus required, 

which was done using a custom designed tensile apparatus that can fit into the sample 

platform of the diffractometer. A schematic of the tensile apparatus is shown in section 

3.2. of this chapter. The NiTi substrate with Nb thin film deposited on was mounted in 

the tensile apparatus and subjected to a tensile deformation of ~7%. With the gradual 

application of the tensile load, Lüders bands associated with the martensitic phase 

transformation can be conveniently observed on the film surface. The Lüders bands 

appeared from the grip ends and propagated towards the middle part of the film. The 

tensile load was slowly applied until only a small non-transformed band was left on the 

surface. This ability to observe the phase transformation enables us to control the applied 

tensile loading and prevent undesired plastic deformation to occur in the NiTi substrate. 

Additionally, this also enables us to collect the x-ray diffraction pattern from only the 

transformed regions of the Nb film on NiTi substrate assembly. The diffraction pattern 

was collected along y direction. 

Step 4: In-situ XRD measurement of Nb film on the unloaded substrate 

After loading, the applied tensile load was gradually removed until all the Lüders bands 

disappeared from the sample’s surface. The x-ray measurement was repeated for the Nb 

film on NiTi substrate assembly to determine strain recovery of the film. The in-situ 

loading, and unloading were repeated for 5 cycles. 

 

3.2. Material characterisations and procedures 

3.2.1. Characterization of the bare NiTi substrate 

The martensitic phase transformation behaviour of NiTi substrates was characterised by 

differential scanning calorimetry (DSC) using a TA Instruments Q10 unit in a flowing N2 

environment at 50 l/min flowrate. The tests were conducted from -40 °C to 180 °C and 

with a heating/cooling rate of 10 °C/min.  
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The tensile testing of the NiTi substrate was carried out using an Instron 5982 universal 

testing machine at room temperature and at a strain rate of 3 × 10−4 𝑠−1. 

 

3.2.2. Biased target ion beam deposition 

Thin films were deposited using a biased target deposition (BTIBD) instrument by 4Wave 

Inc. Figure 3-2 shows a schematic diagram of the BTIBD system.  

 

Figure 3-2. Schematic of biased target ion beam deposition. 

 

 

Prior to the start of deposition, the base vacuum level of the deposition chamber was set 

at ~5×10-8 Torr. The pressure was maintained at ~6×10-4 Torr while Ar was introduced 

at a flow rate of 35 standard cubic centimetre per minute (sccm) for the deposition. Low 

energy argon ion source was directed towards the negatively biased (-700 V) sputtering 

target. This ion beam is not sufficiently energetic to induce sputtering; thus, a duty cycle 

was introduced to the target with 10 kHz (100 μs per full cycle) frequency and ON-time 

pulse-width was 50 μs. Both the negative target bias and the duty cycle accelerate the ions 

towards the targets and induce sputtering. Samples are loaded via a load-lock chamber. 

The substrate stage was kept cool with circulating water at 20 °C and was rotating at 20 



67 

revolution per minute (rpm) during film fabrication. Prior to the deposition, the film target 

was sputter-cleaned for 40 min to remove possible surface contamination. These 

parameters resulted in Nb film growth rate of 0.024 nm/s approximately. 

 

3.2.3. Film thickness determination 

A reference film sample was deposited on a polished SiO2 wafer substrate for each 

deposition. The SiO2 substrate was 25 mm in diameter and 0.5 mm in thickness. Film 

thickness was measured using a Dektak 150 stylus profilometer from Veeco Instruments 

Inc. 

 

3.2.4. Curvature measurements 

Three reference film samples were deposited on Si (100) single crystal wafer strip 

substrates for each deposition. The Si strip substrates were 15×3 mm in size and 100 m 

in thickness. A Zygo NewView 7300 optical profiler was used to determine the internal 

stress in the as-deposited films by measuring the curvature of the reference samples. For 

measurement accuracy, the curvature of the bare Si wafer substrates was also measured 

prior to deposition. Stoney equation [2] was used to determine the stresses of the as-

deposited films from the curvature measurements. 

 

3.2.5. Surface characterisation (SEM) 

Surface morphology of the films was examined using an FEI Verios 460 scanning 

electron microscope (SEM) operated at 10 kV. Elemental composition of the samples was 

investigated using energy-dispersive spectroscopy (EDS) operated at 10 kV and 15 kV. 

 

3.2.6. Film cross-section microstructure (FIB/TEM) 

Transmission electron microscopy (TEM) of the film on substrate cross-sectional samples 

were prepared by focused ion beam (FIB) lift-out method [3] using an FEI Helios Nanolab 

G3 CX DualBeam focused ion beam (FIB) instrument. 

TEM cross-sectional samples typical size of ~10 m × 10 m and less than 100 nm 

thickness (to allow electron transmission), are cut and thinned by ion milling. Figure 3-3 
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illustrates TEM lamella preparation steps using FIB. First, an area of interest was selected 

and as shown in Figure 3-3(a), a 2 m thick protective layer of platinum or carbon is 

deposited on the film surface to prevent ion beam damage to the film during ion beam 

milling. Then, two trenches were cut next to the protection layer to enable cross-sectional 

lamella extraction indicated in Figure 3-3(b). This lamella was then attached to the lift-

out needle (Figure 3-3(c)) by platinum welding and was cut out and was attached to the 

TEM grid shown in Figure 3-3(d). This lamella had an initial thickness of ~ 2 m and 

was thinned to less than ~500 nm shown in Figure 3-3(e). Further thinning was performed 

to reach the desirable thickness displayed in Figure 3-3(f). Ion source used in this 

instrument was gallium. Trenchs, cuts and thinning steps were conducted with ion beam 

at 30 kV voltage and 21 nA to 0.23 nA currents. The final cleaning process was performed 

at 5 kV ion voltage for a few minutes each side of the lamella and followed by 2 kV low-

voltage cleaning step for 30 seconds on each side. The cleaning steps with low ion beam 

voltage are to remove damages caused by high voltage cutting and milling of the ion beam 

during sample preparation [4].   
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Figure 3-3. TEM sample preparation steps by FIB lift-out technique. (a) covering the 

area of the interest on the film surface by a protective layer; (b) cutting trenches to 

create a lamella of the sample; (c) Cutting and removing the lamella out of the sample 

surface with the lift-out needle; (d) attaching the lamella to the TEM grid; (e) thinning 

the lamella; (f) final thinned lamella. The scale bar is 5 m. 

 

 

The cross-sectional TEM samples of the film on substrate were prepared from the yz 

plane. The microstructure of the samples was examined using a bright field detector in 

the scanning transmission electron microscopy (BF-STEM) mode. Selected area electron 

diffraction (SAED) in the transmission electron microscope (TEM) mode of FEI Titan 

G2 80-200 with ChemiSTEM Technology operated at an accelerating voltage of 200 kV. 
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3.2.7. Crystal structure by XRD 

The crystalline structure and d-spacing of the film on substrate were measured by means 

of x-ray diffraction using a Panalytical Empyrean XRD instrument with a parallel beam 

Ni-filtered Cu Kα radiation. A 4 mm beam mask was used to reduce background noise. 

The sample was mounted on a 5-axes cradle. The diffraction patterns were collected with 

an angular step size of 0.013°. Figure 3-4 shows a schematic of the experimental set-up. 

Figure 3-4(a) defines the measurement coordinates. Orientation of the sample is defined 

by three angles, with 𝜑 defining the rotation of the sample about the z-axis, 𝜓 describing 

the titling of the sample about the x-axis and 𝜒 describing the rolling of the sample about 

the y-axis. X-ray incident angle is 𝜔 and the diffraction angle is denoted 2𝜃 from the 

incident beam. The detector is at an azimuth angle 𝛼 from the film surface. 

  

 
Figure 3-4. Schematic of experimental setup. (a) space coordinates for XRD 

measurements of a thin film; (b) conventional Bragg-Brentano configuration for XRD 

measurement; (c) asymmetrical configuration for XRD measurement; (d) Rolling the 

sample for XRD pole scans. 

 

 

For the Bragg-Brentano XRD (BB-XRD) configuration illustrated in Figure 3-4(b), the 

incident and the diffracted beam angles are equal (𝛼 = 𝜔 = 𝜃). Thus, the BB-XRD 

detects out-of-plane d-spacing of the film in the z-direction (𝑑𝑧). In the asymmetrical 

XRD (A-XRD) configuration shown in Figure 3-4(c), the bisector vector 𝑧′ between the 
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incident beam () and the detector (𝛼) has a tilt angle of 𝜓 with the sample normal. Thus, 

A-XRD is able to detect d-spacings of the crystallographic planes with their normal in the 

𝑧′ direction (𝑑𝑧′). 

XRD pole figure texture measurements were performed with fixed incident and 

diffraction angles ( = 𝜃 ) of 19.27 and 34.87 for Nb (110) and Nb (211) planes 

respectively to record diffraction intensity variations of the film at different orientations. 

Orientational distribution of XRD poles was studied by rolling the sample around the y-

axis as shown in Figure 3-4(d). The rolling angle was from 0 to 90 with 𝜒 = 2 steps. 

For each roll angle 𝜒, a full rotation around the z-axis with 𝜑= 5 steps was conducted 

while the x-ray intensity was being recorded. 

 

3.2.8. X-ray peak fitting and d-spacing calculations 

To determine the d-spacings from the XRD measurements, the collected XRD data of 

intensity counts over diffracted beam angle (2𝜃 ) were converted to a plot of x-ray 

intensity vs. d-spacings using the Bragg’s law: 

 𝑑 =
𝜆

2𝑑 sin 𝜃
 (3-1) 

where 𝜆 = 0.154056 nm for Cu Kα1 radiation source.  

 

Gaussian peak fitting was then performed to determine the d-spacings from the XRD 

patterns. 

 

3.2.9. Grain size estimation by XRD 

In addition to the interplanar d-spacing of the crystalline materials, x-ray diffraction can 

be used to estimate the crystallite size. Paul Scherrer discovered the effect of particle size 

on XRD pattern in 1918 [5]. In his derived equation, for an infinitely narrow 

monochromatic x-ray incident beam, on a powder of cube-shaped crystallites, the 

following relation exists: 

 𝐷ℎ𝑘𝑙 =
𝐾𝜆

𝐵ℎ𝑘𝑙 cos 𝜃
 (3-2) 
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where 𝐷ℎ𝑘𝑙  is the crystallite size perpendicular to the ℎ𝑘𝑙  lattice planes. 𝐾  is the 

crystallite shape factor, 𝜆 is the x-ray wavelength, 𝐵ℎ𝑘𝑙 is the width of diffraction peak 

(full-width at half-maximum) in radians and 𝜃  is the Bragg angle. If the shape of 

crystallites is unknown or random, it is shown that 𝐾 = 0.9 provides good approximation 

[6, 7]. 

 

3.2.10. In-situ XRD measurement 

Figure 3-5 shows the custom-made in-situ tensile apparatus. The apparatus was designed 

to fit on the 5-axes cradle of the Panalytical Empyrean XRD instrument, allowing in-situ 

d-spacing measurement of the film and substrate. 

 

Figure 3-5. In-situ tensile XRD apparatus 
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Chapter 4. Stress and elastic strain state in 

thin films 

 

 

Paper 1: Determining intrinsic stress and strain state of fibre-textured thin films by X-ray 

diffraction measurements using combined asymmetrical and Bragg-Brentano 

configurations 
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Abstract 

Measuring intrinsic macro stresses in fibre-textured thin films have always been 

challenging. Due to the nature of preferential orientation in these films, only d-spacings 

aligned with the film surface are observable in Bragg-Brentano X-ray diffraction scans, 

and to collect sufficient diffraction data needed for the stress calculation, a sample stage 

with tilt capabilities is essentially required. In this article, a new method is developed to 

lift this requirement. Based on the thin film crystal structure, an incident angle for 

asymmetrical XRD configuration is calculated to reveal tilted planes belonging to the 

same group of crystallites which are the textured majority. Measurement of d-spacing for 

this angle of incidence in combination with the Bragg-Brentano configuration is shown 

to successfully extract stress-free lattice parameter and the internal stress of the cubic 

metallic thin film. This method can also be adapted to determine stress and strain in 

polycrystalline thin films. 
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4.1. Introduction 

Thin films grown on substrates commonly experience internal in-plane stresses arising 

from various causes, such as epitaxial growth [1], difference in coefficient of thermal 

expansion between the film and the substrate [2, 3], nonequilibrium state of the thin film 

surface due to the increased chemical potential [4], microstructure evolution during film 

growth [5, 6], and bombardment of energetic particles [7]. Large internal stresses in thin 

films are generally undesirable because they may cause mechanical failure of the films in 

the forms of cracking, buckling and delamination [8], and mechanical distortion of film-

substrate structures [9]. For these reasons various means have been developed to control 

these stresses and to reduce and to eliminate them through post deposition treatment [10-

12]. 

 

On the other hand, the presence of high elastic stresses, thus large lattice strains, in thin 

films may have other beneficial implications. It is known that large elastic strains in solids 

may alter their physical and chemical properties [13], by altering the electronic state of 

the interatomic bonds [14]. Thus by deliberately inducing large elastic strains we may be 

able to control and alter the functional properties of solids for useful applications. For 

instance, the band gap of ferroelectric BiFe0.7Co0.3O3 thin films can be lowered from 2.7 

eV to 2.3 eV by introducing 1.5% epitaxial lattice strain in them [15]. Another example 

is the well-known “strained silicon” technology developed by Intel in 1990’s. Computer 

processor chips with ~1% elastic strain in their thin layer of silicon are able to enhance 

its electron motility by 70% comparing to the relaxed Si films [16]. Coulomb and 

magnetic-exchange interaction of La2CuO4 thin films was also shown to be enhanced by 

compressive strain of ~2.7% [17]. This has become an emerging field of frontier materials 

science and engineering, known as “elastic strain engineering”. 

 

In this approach to creating new functional thin film materials of novel and exceptional 

properties, it is essential to have reliable means to determine and control the internal in-

plane stresses and strains of thin films. Stoney equation calculation based on the 

measurement of thin film stress induced substrate curvature change is a common method 

to determine internal stresses in thin films [18]. This method naturally relies on 

measurable bending of the sample and thus is limited to films deposited on thin (80 µm–

300 µm) elastic substrates (e.g., single crystal Si wafer or glass). X-ray diffraction (XRD) 

is another common method used that is applicable to crystalline films without limitation 
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imposed by the substrate material. In crystalline films, interplanar spacings act as an in-

situ strain gauge that can be measured by XRD. Stress and elastic strain can be calculated 

using the change in d-spacing of a stressed sample from its stress-free state [18].  

 

Polycrystalline thin films created by physical or chemical vapour deposition and 

electrochemical deposition often have crystallographic textures. A texture can be caused 

by various reasons, such as the directional growth of the films, growth kinetics of different 

crystallographic directions, free surface and film-substrate interface energy minimization, 

and wetting between the film and the substrate [19]. The most common texture is the 

mono-directional texture with a certain crystallographic direction preferentially aligned 

in the film growth direction (i.e., the thickness direction, normal to the surface of 

substrate). This type of texture is often referred to as the ‘fibre’ texture. Determination of 

both the in-plane and out-of-plane d-spacing strains of a fibre-textured film using XRD 

method can be difficult due to the limitation to observe sufficient essential diffraction 

peaks. Complex and accurate tilting and rotation of the film sample is often required in 

order to capture certain diffraction peaks for strain, thus stress determination. However, 

most conventional XRD instruments in laboratories are not equipped with goniometers 

to allow such measurement. This drastically limits the laboratory capability for stress 

analysis of thin film materials. 

 

This paper reports a new method of XRD measurement which allows the determination 

of internal in-plane stresses in fibre-textured thin films using conventional XRD 

instruments without the need of a goniometer and point focus X-ray optics. The technique 

is based on an asymmetrical arrangement between the X-ray source and the detector. It 

enables easy determination of the in-plane stresses and strains of textured thin films. 

 

4.2. Principle of conventional XRD for determining film stress 

4.2.1. Common XRD configurations 

Figure 4-1 presents a schematic description of the geometries for X-ray diffraction 

experiments. As illustrated in Figure 4-1(a), the normal of the film surface is defined as 

the z-axis. The incident beam and the diffracted beam form a plane perpendicular to the 

sample surface or are co-planar with the z-axis. This plane is defined as the xz plane, with 

the x-axis being the projection direction of the incident beam on the sample surface. The 
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sample surface is the xy plane, with the y-axis being perpendicular to the x-axis. In this 

space, the sample has three degrees of freedom of orientation, with 𝜒 describing the 

rolling of the sample about the x-axis, 𝜓 describing the titling of the sample surface about 

the y-axis, and 𝜑  describing the rotation of the sample about the z-axis. The X-ray 

incident beam intercepts the sample surface at angle 𝜔 and the detector is set on the 

opposite side at and azimuth angle of 𝛼. When 𝛼 = 𝜔, the geometry is known as the 

Bragg-Brentano configuration, as illustrated in Figure 4-1(b). 

 

 

Figure 4-1. Schematic presentation of X-ray diffraction geometry and configurations. 

(a) space coordinates for XRD measurements of a thin film with (ℎ𝑘𝑙) preferential 

orientation normal to the film surface, and different configurations for (b) conventional 

Bragg-Brentano, (c) sample titling about the y-axis,  (d) sample rolling about the x-axis, 

as well as (e) asymmetrical XRD measurement. 

 

The Bragg-Brentano XRD (BB-XRD) configuration (Figure 4-1(b)) only detects 

diffractions from the crystallographic planes parallel to the surface of the sample. In a 

polycrystalline film with randomly oriented crystallites, the BB-XRD allows 

measurement of the d-spacing of multiple planes of different orientations. However, in a 

sample with fibre-texture in the thickness direction (out-of-plane direction), the 

crystallites have a random distribution of in-plane orientations but only one set of (ℎ𝑘𝑙) 

planes parallel to the surface, as depicted in Figure 4-1(a). This implies that the BB-XRD 
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configuration is only able to measure the d-spacing of the planes parallel to the sample 

surface, i.e., 𝑑𝑧 in Figure 4-1(b). 

 

 

4.2.2. Stress determination by XRD 

For a film with an equibiaxial in-plane internal stress (𝜎𝑥 = 𝜎𝑦 = 𝜎𝜑), the internal stress 

𝜎𝜑  can be determined in principle from a single d-spacing peak obtained by XRD, 

provided that the stress-free lattice constant 𝑎0 is known. The BB-XRD configuration can 

satisfy this requirement. However, for thin films, 𝑎0 often differs from that of a bulk body 

of the same material (𝑎𝑏𝑢𝑙𝑘), because of deposition induced defects and implantation of 

foreign atoms, which may cause lattice dilation or contraction [20-23]. Therefore, to 

determine the two unknown parameters of the stress-free lattice constant 𝑎0  and the 

internal stress 𝜎𝜑 , at least two sets of independent diffraction peaks are needed. This 

implies that the BB-XRD becomes incapable of measuring internal stresses in fibre-

textured thin films. 

 

To determine in-plane stresses in fibre-textured films, sample tilting is necessary in order 

to rotate other crystallographic planes into the XRD geometry for diffraction and 

detection. Figure 4-1(c) depicts the situation of sample titling about the y-axis. For a 

sample in a titled position 𝜓, and of a film of mechanical in-plane isotropy, the internal 

stress 𝜎𝜑 and the d-spacing 𝑑ℎ′𝑘′𝑙′ of plane (h'k'l') follow the relation below according to 

Hooke’s law [24]: 

 

𝑑ℎ′𝑘′𝑙′−𝑑0
ℎ′𝑘′𝑙′

𝑑0
ℎ′𝑘′𝑙′

=
(1+𝑣)

𝐸
sin2𝜓 𝜎𝜑 −

2𝑣

𝐸
𝜎𝜑 (4-1) 

 

where 𝑑0
ℎ′𝑘′𝑙′ is the d-spacing of (h'k'l') under stress-free condition, E is Young’s and  

is Poisson’s ratio. In a film under equibiaxial in-plane tension, for instance, 𝑑ℎ′𝑘′𝑙′ >

𝑑0
ℎ′𝑘′𝑙′  in the x-direction (𝜓 = 90°) and 𝑑ℎ′𝑘′𝑙′ < 𝑑0

ℎ′𝑘′𝑙′  in the z-direction (𝜓 = 0°). 

This means there exists a critical tilt angle, denoted 𝜓0, at which 𝑑ℎ′𝑘′𝑙′ = 𝑑0
ℎ′𝑘′𝑙′. Under 

such condition, Eq. (1) becomes [25]:  
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sin2𝜓0 =
2𝑣

1+𝑣
  (4-2) 

 

This allows direct determination of 𝜓0  based on the known material constant 𝑣 

(Poisson’s ratio), By setting the sample at 𝜓0, 𝑑0
ℎ′𝑘′𝑙′ can be directly measured in XRD 

measurement, which in turn leads to the determination of 𝑎0 . This method of 

determination of in-plane internal stresses of fibre-textured thin films is known as the 

sin2𝜓 method [26].  

 

It is to be noted that the above approach is also equally applicable to the case of rolling 

the sample along the x-axis, as depicted in Figure 4-1(d). By simply replacing the tilt 

angle 𝜓 by the rolling angle 𝜒, Eqs. (1) and (2) can be equally used to determine the 

internal stress 𝜎𝜑. It is clear that this method requires a goniometer to tilt the sample at 

some pre-determined angles. 

 

However, a fibre-textured film may not be perfectly textured, i.e., some crystallites may 

be randomly oriented [27]. In this regard, the crystallites in a polycrystalline film may be 

regarded in two groups, the aligned crystallites that form the fibre texture and the 

randomly oriented crystallites. When the sample is tilted away from the fibre-texture 

orientation at a random angle, the aligned crystallites will not satisfy the Bragg’s 

condition anymore and be extinct in the diffraction pattern, but only the randomly 

oriented crystallites. Using d-spacing strains determined from the diffractions of these 

randomly oriented crystallites has been found to cause errors in the calculation of internal 

stresses, typically manifested as the non-linearity observed between the d-spacing strain 

and sin2𝜓 (or sin2𝜒) [28]. This error has been attributed to the difference in internal 

stresses between the aligned crystallites and the randomly oriented crystallites, which are 

different [29]. 

 

To avoid this problem, fixed crystal orientation method [30], also known as crystallite 

group method [31, 32], is used. This method considers only the diffractions from the 

perfectly aligned crystallites and ignores the diffractions generated by the randomly 

oriented crystallites. By using only the diffractions generated from the aligned 

crystallites, which can be collected only at specifically calculated tilting angles, the 

problem of non-linear correlation between the d-spacing strain and sin2𝜓 is eliminated. 
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This approach has led to much more accurate and reliable determination of the internal 

stresses in textured thin films compared to using the sin2𝜓 method [26].  

 

Summarising the above, by combining the BB-XRD configuration (which measures the 

d-spacing of one set of planes parallel to the film surface) with the sin2𝜓 method (which 

allows titling of the sample so that the d-spacing of a second set of planes can also be 

measured) and the crystallite group method (which eliminates the errors caused by 

randomly oriented crystallites), the internal stresses in fibre-textured thin films can be 

determined. This approach, however, has two technical challenges. First, the method 

requires a sample stage goniometer to tilt the sample, which is not commonly available. 

Secondly, the X-ray beam is usually shaped into a narrow flat rectangular cross section, 

with a height (z-direction) of typically 0.5–1 mm for X-ray focus accuracy and 10 mm in 

width (y-direction) to assure sufficient beam exposure for signal intensity. When the 

sample is tilted about the y-axis, the irradiation area still remains in focus but when the 

sample is rolled about the x-axis, most of the irradiation area will be out of focus except 

the central line of the beam. This leads to errors in diffraction peak position determination, 

thus stress and strain measurements [28]. This renders the sample rolling configuration 

(Figure 4-1d) impractical, or technically invalid (for non-point focus x-ray optics). 

 

Recognising the difficulties of the  sin2𝜓  method, in this work we explored a new 

approach to determine the internal stresses and strains of fibre-textured thin films using 

an asymmetrical XRD (A-XRD) configuration combined with the crystallite group 

method. The method is introduced specifically for fibre-textured thin films, but is 

applicable to polycrystalline thin films in general.  

 

4.3. The new method to determine stress/strain state of fibre-textured thin films 

The new method uses an asymmetrical XRD configuration, in which 𝜔 ≠ 𝛼, as shown in 

Figure 4-1(e). In this configuration, the incident beam is fixed at angle 𝜔 and the sample 

remains stationary while the detector moves along a circle about the incident point in the 

𝑥𝑧 plane. The azimuth angle of the detector from the sample surface is 𝛼 = 2𝜃 − 𝜔. In 

this way, the bisector vector 𝑧′ between the incident beam and the detector also tilts with 

the detector in the same plane, by 𝜓. This means that crystallographic planes normal to 

𝑧′, i.e., (ℎ′𝑘′𝑙′), will be diffracted to the detector, subjective to satisfying the Bragg 
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diffraction condition. This is in effect equivalent to the sample tilting configuration shown 

in Figure 4-1(c), but without a sample stage goniometer. In this configuration, d-spacing 

𝑑ℎ′𝑘′𝑙′  of (ℎ′𝑘′𝑙′) planes with an angle of 𝜓  relative to the sample’s surface can be 

measured.  

 

To satisfy the Bragg diffraction condition, the incident beam (𝜔) and the detector (𝛼) 

need to be set at specific positions for a particular set of planes. Considering a thin film 

with a cubic crystal structure of lattice parameter 𝑎  and a fibre-texture in [ℎ𝑘𝑙] axis 

perpendicular to the film surface, the diffraction angle 𝜃ℎ𝑘𝑙 for the (ℎ𝑘𝑙) plane is thus 

defined by the Bragg’s condition: 

 

𝜃ℎ𝑘𝑙 = 𝑠𝑖𝑛−1 𝜆√ℎ2+𝑘2+𝑙2

2𝑎
 (4-3) 

 

where  is the X-ray wavelength. This is the BB-XRD configuration and 𝜃ℎ𝑘𝑙 = 𝜔 = 𝛼. 

For a second crystallographic plane (ℎ′𝑘′𝑙′), the tilt angle 𝜓 of its normal relative to the 

normal of film surface can be calculated as (4): 

 

𝜓 = 𝑐𝑜𝑠−1 (ℎℎ′+𝑘𝑘′+𝑙𝑙′)

√ℎ2+𝑘2+𝑙2 ∙ √ℎ′2+𝑘′2+𝑙′
2
 (4-4) 

 

Therefore, the X-ray incident beam angle 𝜔ℎ′𝑘′𝑙′  relative to the film surface can be 

determined as: 

 

𝜔ℎ′𝑘′𝑙′ = 𝜃ℎ′𝑘′𝑙′ − 𝜓 , (0° < 𝜔ℎ′𝑘′𝑙′ < 90°) (4-5) 

 

where 𝜃ℎ′𝑘′𝑙′  is also determined using Eq. (3). With these, the detector angle is 

determined as 𝛼ℎ′𝑘′𝑙′ = 2𝜃ℎ′𝑘′𝑙′ − 𝜔ℎ′𝑘′𝑙′. 

 

Table 4-1 summarises the XRD diffraction angles (𝜃) and calculated A-XRD incident 

angles (𝜔) for several low index crystallographic planes in a number of bcc metals with 

[110] fibre texture for Cu Kα radiation ( = 0.15406 nm). As seen in Table 4-1, for bcc 

metals, {110} planes other than the set parallel to the sample surface, i.e., those at 𝜓 =
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60°, 90°, cannot be detected in A-XRD configuration, because geometrically they cannot 

satisfy the condition 0° < 𝜔ℎ′𝑘′𝑙′ < 90°. These forbidden conditions are shaded in grey 

in Table 4-1. For the set of planes parallel to the sample surface, i.e., the (110) planes at 

𝜓 = 0°, the detection condition is in effect the BB-XRD condition, because 𝜔 = 𝜃. It is 

also seen that no (200) plane can be detected in this configuration (thus all cells are shaded 

in grey). In comparison, (211) and (310) planes can be detected using this method, with 

(211) being preferred for its higher diffraction intensity. 

 

Table 4-1. Crystallographic plane orientation angle (𝜓), diffraction angle (𝜃ℎ𝑘𝑙) [33] 

and X-ray incident beam angle (𝜔ℎ′𝑘′𝑙′) for [110] fibre-textured bcc metal thin films in 

A-XRD configuration (X-ray source: Cu Kα radiation,  = 0.15406 nm). 

  V Cr Fe Nb Mo Ta W 

 𝑎 (nm) 0.3024 0.2885 0.2866 0.3299 0.3147 0.3306 0.3165 

 𝜃110 (°) 21.11 22.19 22.34 19.28 20.25 19.24 20.13 

 𝜃200 (°) 30.63 32.28 32.51 27.84 29.31 27.78 29.13 

 𝜃211 (°) 38.61 40.85 41.17 34.89 36.84 34.80 36.59 

𝜓 (°) 𝜃310 (°) 53.66 57.61 58.19 47.59 50.72 47.46 50.32 

0.00 

𝜔110 (°) 

21.11 22.19 22.34 19.28 20.25 19.24 20.13 

60.00 -38.89 -37.81 -37.66 -40.72 -39.75 -40.76 -39.87 

90.00 -68.89 -67.81 -67.66 -70.72 -69.75 -70.76 -69.87 

45.00 
𝜔200 (°) 

-14.37 -12.72 -12.49 -17.16 -15.69 -17.22 -15.87 

90.00 -59.37 -57.72 -57.49 -62.16 -60.69 -62.22 -60.87 

30.00 

𝜔211 (°) 

8.61 10.85 11.17 4.89 6.84 4.80 6.59 

54.73 -16.13 -13.88 -13.57 -19.85 -17.89 -19.93 -18.14 

73.22 -34.61 -32.36 -32.05 -38.33 -36.38 -38.41 -36.62 

90.00 -51.39 -49.15 -48.83 -55.11 -53.16 -55.20 -53.41 

26.57 

𝜔310 (°) 

27.10 31.05 31.62 21.03 24.15 20.90 23.75 

47.87 5.79 9.74 10.32 -0.28 2.85 -0.41 2.45 

63.44 -9.77 -5.82 -5.25 -15.84 -12.72 -15.97 -13.12 

77.08 -23.42 -19.47 -18.89 -29.49 -26.36 -29.62 -26.76 

 

Similarly, for the fcc metals with [111] fibre texture, Table 4-2 summarises the 

crystallographic plane orientation angle, XRD diffraction angle and the A-XRD incident 

beam angle for Cu Kα radiation ( = 0.15406 nm). In this case, the detection of (111) 

diffraction conforms to the BB-XRD configuration and only (310) diffraction is 
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detectable in the A-XRD configuration for all the metals listed. Diffraction (220) can be 

detected only for Ni and Cu in this list, at very small incident angles.  

 

Table 4-2. Crystallographic plane orientation angle (𝜓), diffraction angle (𝜃ℎ𝑘𝑙) and 

X-ray incident beam angle (𝜔ℎ′𝑘′𝑙′) for [110] fibre-textured fcc metal thin films in 

A-XRD configuration (X-ray source: Cu Kα radiation,  = 0.15406 nm). 

  Al Ni Cu Pd Ag Pt Au 

 𝑎 (nm) 0.4050 0.3524 0.3615 0.3891 0.4086 0.3924 0.4078 

 𝜃111 (°) 19.24 22.25 21.66 20.05 19.06 19.88 19.10 

 𝜃200 (°) 22.36 25.93 25.23 23.33 22.15 23.12 22.19 

 𝜃220 (°) 32.55 38.19 37.07 34.05 32.22 33.73 32.29 

𝜓 (°) 𝜃311 (°) 39.11 46.47 44.97 41.04 38.70 40.62 38.79 

0.00 
𝜔111 (°) 

19.24 22.25 21.66 20.05 19.06 19.88 19.10 

70.53 -51.30 -48.28 -48.87 -50.48 -51.48 -50.66 -51.44 

54.73 𝜔200 (°) -32.37 -28.81 -29.51 -31.41 -32.58 -31.62 -32.54 

35.27 
𝜔220 (°) 

-2.72 2.92 1.80 -1.21 -3.05 -1.54 -2.98 

90.00 -57.45 -51.81 -52.93 -55.95 -57.78 -56.27 -57.71 

29.50 

𝜔311 (°) 

9.61 16.97 15.47 11.54 9.20 11.12 9.29 

58.52 -19.40 -12.05 -13.54 -17.47 -19.82 -17.89 -19.73 

79.98 -40.87 -33.51 -35.01 -38.94 -41.29 -39.36 -41.20 

 

It shall be noted that the actual diffraction angles for thin films may be slightly different 

from those calculated based on the standard XRD peak angles, due to the many factors 

that may disturb the perfect geometrical conditions assumed in this calculation, such as 

imperfect textures and film internal stresses. The peak positions in stressed films may 

shift, thus additional 𝜔 scans in the vicinity of calculated 𝜔ℎ′𝑘′𝑙′ value often need to be 

done to find the optimum incident angle for the specific (ℎ′𝑘′𝑙′) crystallographic planes.  

 

In addition to causing uncertainty of the 𝜔 position for detection, film internal stresses 

also cause errors in the determination of lattice parameters from XRD data. From XRD 

pattern obtained in the BB-XRD configuration, the lattice parameter can be calculated 

from the (ℎ𝑘𝑙) diffraction of an [ℎ𝑘𝑙] fibre-textured thin film as: 

 

𝑎𝑧
ℎ𝑘𝑙 =

𝜆√ℎ2+𝑘2+𝑙2

2 sin𝜃ℎ𝑘𝑙  ( 4-6) 
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For the same film, from the XRD pattern obtained in A-XRD configuration, the lattice 

parameter calculated from the (ℎ′𝑘′𝑙′) diffraction is: 

 

𝑎𝑧′
ℎ′𝑘′𝑙′ =

𝜆√ℎ′2+𝑘′2+𝑙′
2

2 sin𝜃ℎ′𝑘′𝑙′
 (4-7) 

 

These two values are different in a stressed film, because the d-spacing value of (ℎ𝑘𝑙), 

which is parallel to the film plane, and that of (ℎ′𝑘′𝑙′), which is not parallel to the film 

plane, will be affected differently by the in-plane stress. to determine the in-plane stress 

and strain of the film, the following terms are defined: 

 

𝑎0: lattice parameter of the film in stress-free state, 

𝜎: equibiaxial internal in-plane stress in the film (i.e., in the xy plane), and 

𝜀: elastic in-plane strain caused by 𝜎. 

 

Thus: 

 

𝜀𝑥 =
𝑎𝑥−𝑎0

𝑎0
, 𝜀𝑦 =

𝑎𝑦−𝑎0

𝑎0
, 𝜀𝑧 =

𝑎𝑧−𝑎0

𝑎0
, 𝜀𝑥 = 𝜀𝑦  (4-8) 

 

Similarly: 

 

𝜀𝑧′ =
𝑎

𝑧′−𝑎0

𝑎0
   (4-9) 

 

The strain transformation from 𝑧 to 𝑧′ in the 𝑥𝑧 plane (Figure 4-1(e)) is defined as [34]: 

 

[

𝜀𝑧′

𝜀𝑥′

1

2
𝛾𝑥′𝑧′

] = [

cos2𝜓 sin2𝜓 2sin𝜓 cos𝜓

sin2𝜓 cos2𝜓 −2sin𝜓 cos𝜓

−sin𝜓 cos𝜓 sin 𝜓 cos𝜓 cos2𝜓 − sin2𝜓

] [

𝜀𝑧

𝜀𝑥
1

2
𝛾𝑥𝑧

] (4-10) 

 

Thus: 
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𝜀𝑧′ = 𝜀𝑧cos2𝜓 + 𝜀𝑥sin
2𝜓 + 𝛾𝑥𝑧 sin 2𝜓 (4-11) 

 

where 𝛾𝑥𝑧 is the shear strain in the thin film. 

 

With the Young’s modulus of elasticity 𝐸 and Poisson’s ratio 𝑣 of the film, under the 

conditions of linear elasticity conforming to the Hooke’s law and of isotropic in-plane 

mechanical property, the relationship between the internal stresses and strains of the thin 

film can be expressed as: 

 

[
 
 
 
 
 
𝜀𝑥

𝜀𝑦

𝜀𝑧

𝛾𝑦𝑧

𝛾𝑧𝑥

𝛾𝑥𝑦]
 
 
 
 
 

=
1

𝐸

[
 
 
 
 
 
1 −𝑣 −𝑣 0 0 0
 1 −𝑣 0 0 0
  1 0 0 0
   2(1 + 𝑣) 0 0
 𝑠𝑦𝑚𝑚   2(1 + 𝑣) 0
     2(1 + 𝑣)]

 
 
 
 
 

[
 
 
 
 
 
𝜎𝑥

𝜎𝑦

𝜎𝑧

𝜏𝑦𝑧

𝜏𝑧𝑥

𝜏𝑥𝑦]
 
 
 
 
 

 (4-12) 

  

 

For a thin film under plane stress condition: 

 

𝜎𝑧 = 𝜏𝑦𝑧 = 𝜏𝑧𝑥 = 𝜏𝑥𝑦 = 𝛾𝑦𝑧 = 𝛾𝑥𝑧 = 𝛾𝑥𝑧 = 0 (4-13) 

 

Using Eqs. (7) – (13) the internal in-plane stress, the stress-free lattice parameter and the 

in-plane and out-of-plane lattice strains of the film can be determined as following: 

 

𝜎 = −
𝐸(𝑎𝑧−𝑎𝑧′)

(1+𝑣) 𝑎𝑧 𝑠𝑖𝑛2𝜓 −2𝑣(𝑎𝑧−𝑎𝑧′)
  (4-14) 

 

𝑎0 = 𝑎𝑧 −
2𝑣 (𝑎𝑧− 𝑎𝑧′)

(1+𝑣) sin2𝜓  
 (4-15) 

 

𝜀𝑥 = 𝜀𝑦 =
(1−𝑣)(𝑎𝑧− 𝑎𝑧′)

 2𝑣(𝑎𝑧− 𝑎𝑧′)−(1+𝑣)𝑎𝑧 𝑠𝑖𝑛2𝜓 
 (4-16) 
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𝜀𝑧 =
−2𝑣(𝑎𝑧−𝑎

𝑧′)

 2𝑣(𝑎𝑧− 𝑎𝑧′)−(1+𝑣)𝑎𝑧 𝑠𝑖𝑛2𝜓  
 (4-17) 

 

Using Eqs. (14) – (17), we are able to delineate the influences of the two contributing 

factors of lattice dilation and internal stress on thin films, thus to determine the in-plane 

stresses, in-plane and out-of-plane strains and the lattice constant for bcc and fcc films. It 

also means that only one BB-XRD measurement and one A-XRD measurement of two 

different crystallographic planes of z-axis aligned crystallites in a fibre-textured film are 

needed to determine the internal stress and lattice strains. We name this new approach as 

BBA-XRD method.  

 

4.4. Experimental validation 

4.4.1. Detection of planes using BB-XRD and A-XRD configurations 

The proposed method has been validated using a number of sputter deposited textured 

metallic thin films, including W, Fe, Nb and Pd. To determine the stress and strain states 

of a film, XRD patterns were taken using both the BB-XRD and A-XRD configurations. 

The results are presented in Figure 4-2. The main diffraction peak positions of 

corresponding bulk metals are also provided in the figure for comparison.  

 

Figure 4-2(a) shows the XRD patterns of the W film. The BB-XRD pattern confirms a 

strong [110] fibre texture in the film normal direction. However, a weak (211) diffraction 

was also detected, implying a weak secondary normal direction texture of [211]. Three 

A-XRD measurements were also conducted at set incident angles. The set incident angles 

conform well to the calculated 𝜔 values of the detectable conditions for W given in Table 

4-1. It is seen that at 𝜔211 = 6.6°, (211) diffraction was detected, and at 𝜔310 = 2.5° and 

𝜔310 = 23.8°, (310) diffraction was detected.  

 

The Fe and Nb films both showed exclusive [110] fibre texture in the film normal 

direction, as confirmed by their BB-XRD patterns shown in Figures 4-2(b) and (c). The 

calculated incident angles for the A-XRD measurements for Fe (211) and Nb (211) are at 

𝜔211 = 11.2° and 𝜔211 = 4.9°, respectively. Experimentally,  = 11.5° for Fe and  =

5.0° for Nb produced the best signal to noise ratio for the XRD patterns.  
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Figure 2(d) shows the Pd film, which has an fcc crystal structure. The film has a perfect 

[111] fibre texture in the normal direction, as confirmed by the BB-XRD pattern. For the 

A-XRD measurement,  = 11.5° was used to reveal the (311) plane. This is in agreement 

with the calculated   value given in Table 4-2. 

 

 

Figure 4-2. Measured XRD patterns of (a) W, (b) Fe, (c) Nb and (d) Pd thin films obtained 

in BB-XRD (red spectrums) and A-XRD geometry (blue and green spectrums). The 

dominant fibre texture peak revealed in BB-XRD is indicated by *. The diffraction peaks 

revealed in A-XRD are denoted by  and •. Diffraction peak positions and their relative 

intensities of the bulk counterpart of each thin film are also presented in the figure. 

 

Whereas demonstrating the ability of A-XRD to detect diffractions that are invisible in 

BB-XRD due to [110] and [111] fibre textures, the A-XRD patterns shown in Figure 4-2 

have also revealed (110) diffractions for the W and Fe films and (111) diffraction for the 
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Pd film, which are not expected in A-XRD measurement. In addition, the (211) diffraction 

is also strong at 𝜔310 = 2.5° for the W film. The presence of these unexpected peaks is 

obviously related to the degree, or imperfection, of the fibre texture of the film. This can 

be characterised by pole figure scans. 

 

Figure 4-3 is a pole figure for the four films. The scan curves were measured by rolling 

the sample using a goniometer in the BB-XRD configuration (Figure 4-1(d)) while 

recording the diffraction intensity of a particular peak. For an isotropic (i.e., texture-free) 

sample, the X-ray intensity vs. the rolling angle should remain a constant (neglecting 

geometrical influence). It is seen that the Fe and Ni {110} pole figure scan curves 

exhibited the highest intensities at 𝜓 = 0°, consistent with the expectation for the [110] 

normal direction fibre texture. A secondary intensity height is also seen at 𝜓 = 60°. This 

is apparently the contribution of other members of the {110} family associated with the 

[110] fibre texture, which are 60° or 90° (invisible) away from the axis. It is also to be 

noted that the X-ray intensity trough in between the peaks is deeper for the Nb film than 

for the Fe film. This indicates a purer fibre texture of the Nb film than the Fe film. In 

comparison with the Fe and Nb films, the W film, which is also a bcc metal, showed a 

much flatter {110} scan curve, with mild local intensities at 𝜓 = 0°  and 𝜓 = 55° . 

Apparently the [110] fibre texture in this film is much less perfect compared to the Fe and 

Nb films, consistent with the observation of unexpected diffraction peaks in both the BB-

XRD and A-XRD patterns shown in Figure 4-2(a).  

 

The {111} scan curve of the Pd thin film also demonstrates a typical [111] fibre texture 

in the normal direction, with the highest diffraction intensity at 𝜓 = 0°. A second local 

intensity at 𝜓 = 70° is also seen. This is apparently the contribution of the other members 

of the {111} family, which are at 70.53° from the [111] fibre texture direction in the fcc 

lattice. 
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Figure 4-3. Pole figure measurements of {110} diffraction intensity for the Nb, Fe and W thin 

films and {111} diffraction intensity for the Pd thin film. 

 

4.4.2. Stress and strain calculation using the new method 

It is seen in Figure 4-2 that all the detected diffraction peaks are shifted to the lower angles 

relative to their bulk metal counterparts. Such peak shifts to lower diffraction angles may 

be caused by two possible contributions: (i) compressive internal stresses and (ii) lattice 

dilation (referring to the increased lattice dimension in either stress-free state or under the 

influence of a hydrostatic tension). 

 

Using the BBA-XRD method (equations (14)-(17)), the in-plane stress (𝜎), in-plane (𝜀𝑥 =

𝜀𝑦) and out-of-plane (𝜀𝑧) lattice strains, and stress-free lattice constant (𝑎0) of the thin 

films can be calculated from their measured BB-XRD and A-XRD diffraction patterns. 

Table 4-3(a) lists the elastic properties and lattice constants of Nb, Fe, Pd and W in bulk 

forms used in calculations. Table 4-3(b) presents the measured diffraction angles and 

calculated internal stress, lattice strains, stress-free lattice constant and lattice expansion 

relative to the bulk value of Nb, Fe, Pd and W thin films.  
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Table 4-3(a). Young’s modulus [35], Poisson’s ratio [35] and lattice parameter [33] of 

bulk Nb, Fe, Pd and W. 

Material 
Young’s modulus Poisson’s ratio Bulk lattice size 

𝐸 (GPa) 𝑣 𝑎𝑏𝑢𝑙𝑘 (nm) 

Nb 104.9 0.397 0.3299 

Fe 211.4 0.293 0.2866 

Pd 121.0 0.390 0.3891 

W 411.0 0.280 0.3165 

 

Table 4-3(b). Measured XRD diffraction angles and the calculated strain, stresses of the 

Nb, Fe, Pd and W thin films and average internal stress of films on Si wafers calculated 

by Stoney equation. 
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() () (nm) (%) (%) (GPa) (GPa) 

(ℎ𝑘𝑙-ℎ′𝑘′𝑙′) 𝜔 𝜃ℎ𝑘𝑙 𝜃ℎ′𝑘′𝑙′ 𝑎0 
𝑎0 − 𝑎𝑏𝑢𝑙𝑘

𝑎𝑏𝑢𝑙𝑘
 𝜀𝑥=𝜀𝑦 𝜀𝑧 𝜎 𝜎𝑆𝑡𝑜𝑛𝑒𝑦 

Nb (110-211) 5.0 18.87 34.37 0.3306 0.21 -1.44 +1.90 -2.51 -2.86 

Fe (110-211) 11.5 21.80 40.16 0.2918 1.81 -0.64 +0.53 -1.92 -1.56 

Pd (111-311) 11.5 19.89 40.77 0.3898 0.19 -0.48 +0.62 -0.96 -1.16 

W (110-211) 6.6 19.99 36.43 0.3170 0.17 -0.63 +0.49 -3.61 

-3.08 W (110-310) 2.5 19.99 50.31 0.3170 0.15 -0.66 +0.51 -3.77 

W (110-310) 23.8 19.99 50.03 0.3170 0.14 -0.67 +0.52 -3.81 

 

As seen in Table 4-3(b), the stress-free lattice constants (𝑎0) of the Nb, Fe, Pd and W 

films were all found to be larger than those of their bulk (𝑎𝑏𝑢𝑙𝑘) counterparts (column 

“Lattice expansion”). The Fe film exhibited the highest lattice dilation of 1.8%. Such 

lattice dilation, or expansion, has been commonly observed in thin film materials and this 

phenomenon is often attributed to the influences of impurity atoms entrapped within the 
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film caused by the film deposition process [20, 21, 36-40]. The films fabricated in this 

study were deposited by sputtering using argon as the working gas. It is possible that the 

observed lattice expansion is created by entrapment of argon atoms in the film structure. 

It is also seen in Table 4-3(b) that all the films exhibited in-plane compressive strains, 

which in turn imply in-plane compressive stresses. The W film exhibited the highest in-

plane compressive stress, averaging to –3.7 GPa. The occurrence of compressive stresses 

is also a common phenomenon for thin films created by sputtering [4, 41]. This has been 

attributed to the impact of energetic bombardment of  the films by working gas ions and 

film atoms during the sputtering process [7]. 

 

4.4.3. Result validation by curvature measurement and Stoney equation 

In-plane bilateral stress causes curving of film-substrate assemblies. To validate the 

calculated internal stresses in the as-deposited films, curvature measurements of Nb, Fe, 

Pd and W thin films deposited on thin silicon wafers was performed using a Zygo 

NewView 7300 optical surface profilometer. The internal stress 𝜎  in the film was 

calculated using the Stoney equation [42]:  

 

𝜎 =
𝐸𝑠

6(1−𝑣𝑠)

ℎ𝑠
2

ℎ𝑓
(

1

𝑅
−

1

𝑅0
) (4-18) 

 

𝐸𝑠 , 𝑣𝑠  and ℎ𝑠  are the substrate’s Young’s modulus, Poisson’s ratio and thickness 

respectively, and ℎ𝑓  is the film thickness. 𝑅  and 𝑅0  are the radii of curvature of the 

substrate after and before film deposition. 

 

The bilateral in-plane stresses of the four films were determined using the curvature 

measurement method. The films were deposited on (100) single crystal silicon substrates 

of two different thicknesses. The W film was 75 nm thick, the Fe was 105 nm thick, Nb 

film was 110 nm thick and the Pd film was 65 nm thick, as determined using a Dektak 

150 stylus profilometer. For each elemental film, 4 separate samples deposited in one 

batch were measured. It is seen that the bilateral in-plane compressive stress (averaged 

value of four samples measured for each element) is –2.86 GPa for Nb, –1.56 GPa for Fe, 

–1.16 GPa for Pd and –3.08 GPa for W thin film. For comparison, the bilateral in-plane 

stresses determined by the XRD measurements of the four films are shown in Table 4-

3(b). They are in good agreement. It is interesting to note that there appears to be a 
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correlation between the magnitude of the bilateral in-plane stresses of the films and the 

atomic number of the element. This may be due to the heavier bombardment of the 

heavier elements in the deposition process of the biased target sputtering technique. 

 

4.5. Conclusions 

(1) This work established and validated a new method to determine the bilateral internal 

stresses and the in-plane and out-of-plane lattice elastic strains of fibre-textured thin 

films with cubic crystal structures, which are cumbersome to determine using 

conventional XRD technique due to the absence of diffractions in non-fibre texture 

directions. This method uses a combined BB-XRD and A-XRD configurations for 

XRD measurement. It eliminates the need for a point focused X-ray optic or a sample 

stage with tilting capability, thus can be utilized in most XRD facilities.  

(2) The method requires pre-setting of the XRD incident beam at a certain azimuth angle 

from the film surface, which is specific to the crystallographic plane, the crystal 

structure and the lattice parameter of the fibre-textured film. In this work, such 

azimuth angles are determined for four common bcc and fcc metals. 

(3) An analysis is also established to allow delineation of the influences of internal 

stresses and lattice dilation on the lattice d-spacing values, thus enabling the 

determination of the lattice parameters, bilateral in-plane internal stress, and in-plane 

and out-of-plane lattice strains of fibre-textured thin film using this method. 

(4) The lattice parameters and stress and strain states of four metallic films fabricated by 

biased target ion beam deposition technique, including W, Fe and Nb (bcc structure) 

films with [110] fibre textures in the film normal direction and Pd (fcc structure) film 

with [111] fibre texture, have been determined. All four films showed dilated lattices 

and compressive in-plane stresses. The stresses determined using this method are in 

good agreement with those estimated using Stoney equation approach. 
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Appendix A. Thin film preparation 

The substrates used for thin film deposition were amorphous SiO2 of 500 μm in thickness 

and single crystal Si (100) of 280 μm and 90 μm in thickness. The 280 μm Si substrate 

was used as an internal reference for XRD measurements. The 90 μm and 280 μm Si 

wafers were used to enable the determination of film stress by curvature measurement 

method. The wafer was cleaved into 15 mm × 3 mm strips along the [110] direction of 

the samples. 

 

Nb and Fe thin films of 100 nm nominal thickness were prepared by means of sputtering 

using a biased target sputtering facility (4Wave Inc.) with –700 V bias voltage. The cycle 

frequency used was 10 kHz (i.e. 100 μs per full cycle) and the on-time pulse-width was 

50 μs. Nb, Fe, Pd and W targets of 99.99 wt% purity and 10 cm in diameter were used as 

elemental sources for deposition. The base vacuum level of the deposition chamber was 

5×10–8 Torr prior to the start of deposition and maintained at 6×10–4 Torr while Ar gas 

with flow rate of 35 standard cubic centimetre per minute (sccm) was introduced for the 

deposition. Substrate stage was kept cool with circulating water at 20 °C and was rotating 

at 20 revolution per minute (rpm) during film fabrication. Prior to the deposition, the 

targets were sputter-cleaned for 40 min to remove possible surface contamination. The 

thickness of the as-deposited films was measured using a Dektak 150 stylus profilometer 

(Veeco Instruments Inc.). 

 

Appendix B. Curvature and XRD measurements 

The curvature of the Si-substrate before deposition and that of as-deposited film-substrate 

strip thin films was measured using a Zygo NewView 7300 optical surface profiler. The 

internal stress of the film was then calculated using the Stoney equation [42]. 

 

Crystal structure and texture of the as-deposited thin films were studied at room 

temperature using x-ray diffraction (XRD), using a Panalytical Empyrean XRD with Cu 

Kα source at 40 kV and 40 mA, 5-axes cradle. The Ni-filtered parallel incident X-ray 

beam had divergence < 0.07°, 0.65 mm in height and 4 mm in width. The diffracted 

radiation was collected by 0.013° step size in a 240 mm focusing circle. Gaussian fits 
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were employed to determine the positions of the diffraction peaks from the obtained XRD 

patterns. Pole figure measurements were conducted using the same X-ray instrument 

under BB-XRD configuration with fixed incident and diffracted optics of 𝜔 = 𝜃  of 

19.28, 22.34, 20.05 and 20.13 for Nb, Fe, Pd and W respectively as shown in Tables 

4-1 and 4-2. Intensity of the diffracted X-rays was recorded for 𝜓 = 0° to 87° with 1° 

tilting steps. The XRD instrument was calibrated using a standard corundum powder 

sample, and the accuracy of the d-spacing measurement was determined to be better than 

±0.00002 nm. 
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Abstract 

While the elastic strain in thin films generated by substrate deformation is mostly limited 

to less than 1%, this work reports a novel thin film/substrate system that is able to create 

ultra large elastic strains up to 6.8% as showcased in Nb thin films. This is achieved by 

utilising a stress-induced martensitic phase transformation of a NiTi substrate. The 

martensitic transformation in the NiTi substrate is able to generate 7.4% recoverable 

tensile crystallographic strain (as in contrast to dislocation slip strain of plasticity). The 

Nb film deposited was partially crystalline with nano-sized grains and was under large 

bilateral compressive stress with a dilated stress-free lattice size. By deforming the NiTi 

substrate via stress-induced martensitic transformation, the Nb film was able to incur a 

~6% average elastic lattice strain as confirmed by XRD measurements.  Such ultra-large 

elastic strain in the film was stable and repeatable over deformation cycles. The Nb film 

was also observed to experience some strain-induced crystallisation of its amorphous 

https://research-repository.uwa.edu.au/en/organisations/electrical-electronic-and-computer-engineering
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component. These findings offer a new opportunity to engineer and improve the many 

functional properties of thin films that may be affected by ultra-large elastic strains. 

 

Keywords  

Thin film; Elastic strain engineering; NiTi; Shape memory alloy; Martensitic phase 

transformation; Deformation-induced crystallisation (devitrification) 

 

5.1. Introduction 

Many physical and chemical properties of solids are known to be influenced by the 

electronic state of the interatomic bonding within their structures [1-3]. Thus, using large 

elastic strains as a means to influence the electronic state in order to improve the physical 

and chemical properties of solids becomes an emerging frontier research for functional 

materials, known as the elastic strain engineering [4-8]. An example is the “strained 

silicon” technology developed by Intel in the 1990’s. The pseudomorphic silicon layer 

epitaxially grown on SiGe substrate is subjected to a ~1% biaxial lattice strain due to 

lattice dimension misfit in forced lattice matching. As a result, the Si film exhibits 

approximately 70% increase in electron mobility comparing to unstrained Si in metal–

oxide–semiconductor field-effect transistors (NMOSFETs) [9]. Another example is 

ferroelectric BiFe0.7Co0.3O3 thin films fabricated by epitaxial growth, in which a 1.5% 

bilateral tensile strain resulted in a 0.4 eV band gap reduction [10]. Furthermore, a 2.7% 

compressive strain has been shown to reduce the electron-electron (Coulombic) 

interaction from 2.4 eV to 1.8 eV in superconductive La2CuO4 thin films [5]. Owing to 

these, much interest has arisen in the recent years to develop better functional materials 

by the principle of elastic strain engineering. 

 

To have sufficient effect on the properties, large elastic lattice strains are required. Most 

bulk engineering materials are unable to exhibit elastic strains greater than 1%. In 

comparison, nanoscale materials, such as nanoparticles [11], nanowires [12] and 

nanoribbons [13], have been found to have the intrinsic ability to produce ultra-large 

elastic strains, typically in the order of 5~10% [12, 14, 15]. In some extraordinary cases, 

nanomaterials have been demonstrated to exhibit elastic strains well beyond this range, 

such as 16% in Si nanowires [12] and 19% in Ni nanoparticles [11]. 
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However, nanomaterials are difficult to be used in real applications, unless they are 

embedded in a bulk matrix or adhered to a bulk substrate. How to induce ultra-large 

elastic strains to the nanomaterials indirectly via another material in such structures 

becomes a challenge. Many approaches have been trialled in the past several decades. 

Despite all the efforts, the highest elastic strains achieved in nanomaterials embedded in 

bulk composites have been limited to ~1.5%, as represented by a Nb nanowire - Cu matrix 

composite [16]. This is well below the intrinsic elastic strain limits of nanomaterials and 

far from being sufficient to cause significant changes to functional properties of solids. 

One exception is epitaxial growth of thin films where higher elastic strains can be 

achieved, e.g. epitaxially grown PbTiO3 films on SrTiO3 substrates have been shown to 

exhibit up to 16% lattice strains [17]. Such elastic lattice strains are not created by the 

deformation of a pairing material upon the application of an external mechanical force 

and are thus not adjustable or controllable post fabrication. 

 

A breakthrough was made in 2013, with the achievement of 6.5% elastic lattice strain in 

Nb nanowires embedded in a NiTi shape memory alloy matrix upon tensile deformation 

of the bulk composite [18]. Such ultra-large elastic lattice strains are unprecedented in 

bulk materials. This is achieved based on a novel concept of ‘lattice strain matching’ 

between the martensitic phase transformation in the NiTi matrix, which has a uniform 

lattice deformation of 6~8% [19, 20], and the elastic strain of the nanowires, which is also 

uniform at the lattice level and of the similar magnitude. This principle of lattice strain 

matching between two uniformly strained bodies is unique to the martensitic 

transformation. It is in clear contrast to plastic deformation by dislocation slip in 

conventional metals, where the local lattice strain at a dislocation site is nominally 100% 

whereas in the rest of the matrix the lattice strain remains elastic and small, typically 

<0.5%.  Therefore, the lattice strain matching principle provides a unique opportunity to 

induce large elastic strains by allowing effective load transfer from the martensitic matrix 

to the nanomaterials paired with it.  

 

Motivated by this novel concept, this work explored the approach to inducing ultra-large 

elastic lattice strains in thin films attached to a NiTi substrate.  The thin film-substrate 

material system offers one unique advantage over the composite systems with embedded 

nanoinclusions in that the film surfaces are exposed.  They are thus suitable for harnessing 
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the many surface related functional properties, such as chemical catalytic properties, 

photonic properties, and photochemical properties, as well as the technical advantage for 

easy testing in scientific research.  

 

5.1.1. Methods for inducing large elastic strains in thin films using NiTi substrates 

NiTi shape memory alloy exhibits a martensitic transformation between a B2 parent phase 

and a B19' monoclinic martensite phase. The crystallographic transformation produces a 

uniform and reversible lattice deformation of 6~8% [21], which provides a good match 

both in magnitude and in uniformity at the lattice scale with the elastic strains of thin film 

materials. This “lattice strain matching” allows effective load transfer from NiTi to the 

thin film and suppression of localised damages in the lattice, such as dislocation slip and 

local cracking, thus has the promise to achieve near-ideal elastic strains in the films.  

 

The macroscopic behaviour of the B2↔B19' martensitic transformation of NiTi may 

manifest in different ways. A piece of NiTi may be deformed via stress-induced 

martensitic transformation (SIMT). The deformation may be spontaneously recovered 

(reversed) upon unloading. This is known as the pseudoelasticity (PE) of NiTi. 

Alternatively, the deformation may be retained after unloading, but recovered later upon 

heating. This is known as the shape memory effect (SME). Stress-induced martensite 

reorientation (SIMR) of self-accommodated martensite is another form of deformation in 

which the generated strain is retained after unloading. In addition, a NiTi may also be 

processed (trained) to spontaneously change between two shapes upon cooling and 

heating under no applied stress. This is known as the two-way shape memory effect 

(TWSME) [22-24]. Using these different behaviours, different elastic strain conditions 

can be created in thin films deposited on a NiTi substrate. The various sample design 

concepts are schematically illustrated in Figure 5-1. 
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Figure 5-1. Designs of film on SMA substrate assemblies for different strain states and 

functionalities. (a) creation of tensile strain in film using NiTi substrate in 

pseudoelasticity via SIMT; (b) creation of tensile strain in film using NiTi substrate in 

shape memory effect via SIMT or SIMR; (c) creation of compressive strain in film 

using NiTi substrate in pseudoelasticity via SIMT; (d) creation of compressive strain in 

film using NiTi substrate in shape memory effect via SIMT or SIMR; (e) creation of 

tensile and compressive strains in film using NiTi substrate in two-way shape memory 

effect. 

 

Design (a) creates a tensile strained film using a pseudoelastic NiTi substrate (state (i)). 

A film is deposited on the NiTi substrate (state (ii)). The film-substrate assembly is 

deformed (note: the deformation is applied to the substrate only and the film is deformed 
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by the substrate) in tension to induce a uniaxial tensile strain in the film (state (iii)). The 

strain in the film can be relieved by unloading to trigger the reverse B19'→B2 

transformation and pseudoelastic recovery of the substrate (state (iv)). The process can 

be repeated between states (iii) and (iv) as a control for having or not having a strain in 

the film. In this design the elastic strain in the film is maintained under an applied stress 

to the substrate. The same tensile strain condition can also be achieved using SME NiTi 

substrate, as illustrated in design (b). In this case the elastic strain generated by tensile 

deformation (state (iii)), via either SIMT or SIMR in the NiTi substrate, is retained after 

unloading (state (iv)), and the film-substrate assembly is a free body and can remain 

permanently tensile strained. Alternatively, the strain can be removed by heating the 

assembly to a moderate temperature (typically below 100 C) to induce the reverse 

transformation and shape memory recovery of the NiTi substrate (state (v)). 

 

Designs (c) and (d) illustrate the methods for creating compressive strains in the films, 

using the pseudoelasticity and the shape memory effect of the NiTi substrate, 

respectively. In these cases, the NiTi substrate is pre-deformed in tension and then a film 

is deposited on it. The compressive strain is generated in the film either by unloading as 

in the case of PE (design (d)) or by heating as in the case of SME (design (e)). A film can 

also be deposited onto a NiTi plate that has been pre-trained to exhibit the TWSME, such 

that the film can experience different strain states by simple cooling and heating within a 

modest temperature range without the need to apply a deformation. This is illustrated in 

design (f). 

 

This approach has been utilised recently to create elastic strains in some thin film 

materials, including Fe [25], FePt [26], TiO2 [27] and V2O5 [28] thin films. In these 

studies, the NiTi substrates were pre-deformed to 6-15% in tension before film deposition 

and compressive elastic strains were then generated in the films after the shape recovery 

of the NiTi substrates upon heating. The maximum elastic strain achieved was 2.18% in 

a FePt film [26]. Two-way shape memory effect of the NiTi substrate has also been used 

to produce compressive and tensile elastic strains without external loading. Using such a 

substrate, a 0.8% compressive strain was achieved in a FePt film upon heating [29]. 

Similarly, a 0.4% tensile strain was achieved in a TiO2 thin film [30] and a 0.5% tensile 

strain was achieved in a Pt film [31] upon cooling.  
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In all the aforementioned studies, the magnitude of induced strains is rather small, 

comparing to the phase transformation strain of NiTi or the intrinsic abilities of the thin 

films. The FePt film–NiTi substrate system appears to represent the best success [26]. In 

this sample the contraction strain of the SME of the NiTi substrate was ~ -6%, of which 

-2.18% was transferred to the film. This gives a strain transfer efficiency of 36%. In 

comparison, in the Nb nanowire–NiTi bulk composite reported by Hao et al. [18], the 

efficiency of strain transfer from the NiTi matrix to the Nb nanowires is ~75%. This 

clearly reflects the difference in mechanics conditions of the two different materials 

systems. The strain transfer efficiency, the maximum strains achievable, and the 

maximum thickness of the thin films allowable for significant strain transfer are all 

important factors to be investigated. 

 

In addition, there is also a question on the measurement of the film strain. The as-

deposited thin films are often assumed in a stress-free state and the elastic strains are 

calculated based on the difference between the deformed state and the as-deposited state. 

This assumption is generally not valid as thin films deposited on a substrate often have 

significant internal stresses [32, 33] and their lattice parameters are already under the 

influence of elastic strains. In addition, thin films are often formed in non-equilibrium 

state, both chemically by being non-stoichiometric and structurally by being non-

crystalline [34, 35], thus have unit cell dimensions different from their bulk form due to 

entrapment of impurities [36-38]. Furthermore, thin films often exhibit unique 

crystallographic textures influenced by the deposition process and conditions [39, 40]. 

All these factors affect the determination of elastic lattice strains based on d-spacing 

measurements and create ambiguity in the measurements. 

 

5.2. Experimental procedures 

5.2.1. NiTi substrate  

A Ti-50.73at%Ni pseudoelastic plate of 0.2 mm thick was supplied by Memry GmbH. 

Substrates for film deposition were cut from the plate by means of electrical discharge 

wire cutting into 60×5 mm2 strips. The strips were mechanically polished to a finish using 

1 𝜇𝑚  Al2O3 polishing suspension, and finally cleaned in ultrasonic baths containing 
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deionized water, acetone, isopropyl alcohol and methanol for 10 minutes each in 

sequence. The martensitic transformation behaviour of the received NiTi plate was 

characterised using a TA Instruments Q10 differential scanning calorimeter (DSC) and 

the mechanical behaviour was tested in tension using an Instron 5982 universal testing 

machine. 

 

5.2.2. Film deposition 

Nb films were deposited in this study using a biased target sputtering instrument by 

4Wave Inc. The Nb target used was of 99.99 wt.% purity. A square pulse form was used 

for the application of -700 V target bias voltage for the deposition, with a cycle frequency 

of 10 𝑘𝐻𝑧 (100 𝜇𝑠 per cycle) and an on-time pulse width of 50 𝜇𝑠. The base vacuum level 

of the deposition chamber was 5 × 10−8 Torr prior to the start of deposition and was 

maintained at 6×10-4 Torr during deposition. Ar at a flow rate of 35 standard cubic 

centimetre per minute (sccm) was used as the working gas for the deposition. Substrate 

stage was kept cool with circulating water at 20 °C and was rotated at 20 revolution per 

minute (rpm) during film deposition. The Nb target was sputter-cleaned for 40 minutes 

to remove possible surface contamination prior to the film deposition.  

 

A reference Nb film sample was deposited on a Si (100) single crystal wafer strip 

substrate of 15×3 mm in size and 100 m in thickness. The reference sample was used 

for film thickness and film internal stress measurements. Film thickness was measured 

using a Dektak 150 stylus profilometer by Veeco Instruments Inc. A Zygo NewView 

7300 optical profiler was used to determine the internal stress in the film by measuring 

the curvature of the reference sample. For measurement accuracy, the curvature of the 

bare Si wafer substrate was also measured prior to deposition. Stoney equation [41] was 

used to determine the stress of the films from the curvature measurements. 

 

Mechanical properties and lattice parameter of bulk Nb and NiTi used in this study are 

presented in Table 5.1. 

 

 



108 

Table 5-1. Poisson’s ratio, Young’s modulus of elasticity and crystal structure of bulk 

Nb [42, 45] and NiTi [61-63]. 

Poisson’s ratio Young’s modulus (GPa) 
BCC Nb  

Lattice size (nm) 

𝑣𝑁𝑏 𝑣𝑒𝑙
𝑁𝑖𝑇𝑖 𝑣𝑆𝐼𝑀𝑇

𝑁𝑖𝑇𝑖  𝐸𝑁𝑏 𝐸𝑁𝑖𝑇𝑖 𝑎𝑏𝑢𝑙𝑘
𝑁𝑏  

0.395 0.33 0.5 105 90 0.3300 

 

 

5.2.3. Microstructure examination 

Surface morphology of the Nb films was examined using a FEI Verios 460 scanning 

electron microscope (SEM) operated at 10 𝑘𝑉. Cross-section samples of the Nb film on 

substrate were prepared using an FEI Helios Nanolab G3 CX DualBeam focused ion 

beam (FIB) instrument. The microstructure of the cross-section samples was examined 

using an FEI Titan G2 80-200 transmission electron microscope (TEM) operated at an 

accelerating voltage of 200 𝑘𝑉 . Bright field images were obtained in the scanning 

transmission electron microscopy (BF-STEM) mode. Selected area electron diffraction 

(SAED) patterns were recorded in the transmission electron microscopy mode. 

 

5.2.4. XRD measurement 

The crystalline structure and d-spacing of the film on substrate were measured by means 

of x-ray diffraction using a Panalytical Empyrean XRD instrument with a parallel beam 

Ni-filtered Cu Kα radiation. Calibration of the XRD instrument was conducted using 

standard corundum powder provided by the manufacturer. The accuracy of the d-spacing 

measurement was determined to be better than ±0.00002 nm. The sample was mounted 

on a 5-axes cradle. The diffraction patterns were collected with an angular step size of 

0.013°. 

 Figure 5-2 shows a schematic of the experimental set-up. Figure 5-2(a) defines the 

measurement coordinates. Normal to the film’s surface is defined as the z-axis. The 

incident and diffracted beams form a plane coplanar with the z-axis, i.e. the yz plane.  

Thus, the y-axis is the projection direction of the incident beam on the sample surface. 

The sample surface is the xy plane, with the x-axis being perpendicular to the y-axis. 
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Orientation of the sample is defined by three angles, with 𝜑 defining the rotation of the 

sample about the z-axis, 𝜓 describing the titling of the sample about the x-axis and 𝜒 

describing the rolling of the sample about the y-axis. The x-ray incident angle is 𝜔 and 

the diffraction angle is denoted 2𝜃 from the incident beam. The detector is at an azimuth 

angle 𝛼 from the film surface. 

  

 

 

 

Figure 5-2. Schematic of the experimental setup; (a) The space coordinates used for the 

XRD measurements of a thin film; (b) The conventional Bragg-Brentano configuration 

for XRD measurement, which detects crystallographic planes parallel to the sample 

surface; (c) An asymmetrical configuration for XRD measurement, which detects 

atomic planes inclined at an angle from the sample surface; (d) An in-situ XRD tensile 

device which allows the application of a certain tensile deformation of the sample for 

XRD measurements. 

 

For the Bragg-Brentano XRD (BB-XRD) configuration illustrated in Figure 5-2(b), the 

incident and the diffracted beam angles are equal (𝛼 = 𝜔 = 𝜃). Thus, the BB-XRD 

detects out-of-plane d-spacing of the film in the z direction (𝑑𝑧). In the asymmetrical 

XRD (A-XRD) configuration shown in Figure 5-2(c), the bisector vector 𝑧′ between the 

incident beam () and the detector (𝛼) has a tilt angle of 𝜓 from the sample normal. Thus, 

A-XRD is able to detect d-spacings of the crystallographic planes with their normal 

aligned in the 𝑧′ direction (𝑑𝑧′), i.e. planes sitting at 𝜓 from the film surface. Gaussian 

curve fitting was used to determine XRD peak positions and full width at half maximum 
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(FWHM) of the peaks. The instrumental effect on XRD peak profiles was calibrated by 

using a standard corundum powder sample.  

 

XRD pole figure texture measurement of Nb (110) pole was performed by fixing the 

incident and diffraction angles ( = 𝜃) at 19.27 and tilt (𝜓) and rotate (𝜑) the film 

sample during recording. The sample was tilted from 0 to 90 around the x-axis with 

∆𝜓=2 steps. For each tilt angle, the sample completed a full 360° rotation around the z-

axis with ∆𝜑 = 5 steps. 

 

In-situ XRD measurement during tensile deformation was conducted to determine the 

lattice elastic strains under load. This was achieved using a custom-made tensile apparatus 

which fits on the 5-axes cradle of the Panalytical Empyrean XRD instrument. As shown 

in Figure 5-2(d), the tensile apparatus exerts tensile load in the sample’s longitudinal 

direction. This direction was aligned with the y-axis for XRD measurements in the 

loading direction. For load transverse measurements, the sample’s longitudinal direction 

was aligned with the x-axis. 

 

5.3. Results and discussions 

5.3.1. The NiTi substrate 

Figure 5-3 shows the transformation and mechanical behaviours of the NiTi plate 

received. The NiTi is in austenitic (A) state at the room temperature and exhibited an 

A→R→M forward transformation on cooling and a M→A reverse transformation on 

heating, as shown in Figure 5-3(a). The alloy also exhibited pseudoelastic (superelastic) 

behaviour at the room temperature, as seen in Figure 5-3(b). Starting from “a” in Figure 

5-3(b), the sample exhibited an initial elastic strain of 1.0% for the austenite (𝜀𝑒𝑙
𝑁𝑖𝑇𝑖), prior 

to the onset of the stress-induced martensitic transformation over a stress plateau, as 

indicated by “b”. The stress plateau extended to point “c” at 7.4% strain, giving a 

transformation strain of 6.4% for the martensite (𝜀𝑆𝐼𝑀𝑇
𝑁𝑖𝑇𝑖 ). Upon unloading, the sample self-

recovered to point “d” with a remnant strain of 0.2%. The stress plateau indicates a typical 

Lüders-type transformation behaviour. The inset in Figure 5-3(b) is a photograph of a 

NiTi strip substrate deformed in tension to ~6% global strain using the in-situ deformation 
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device. A narrow band of remaining A is clearly visible between the expanded Lüders 

bands of martensite from both ends of the sample.  

 

 

Figure 5-3. Thermomechanical behaviour of the NiTi substrate. (a) A DSC curve 

showing the transformation behaviour of the as-received NiTi substrate; (b) A tensile 

stress-strain curve showing the pseudoelastic deformation behaviour associated with the 

stress-induced martensitic transformation at the room temperature. The inset in (b) 

shows the in-situ tensile deformation device for XRD measurement and a NiTi strip 

sample deformed to ~6% global strain, revealing the martensite (M) Lüders bands from 

both ends and the remaining austenite (A) in the middle of the sample. 

 

5.3.2. Stress and strain states in the as-deposited Nb thin film 

Figure 5-4 presents the x-ray diffraction analysis of the samples. Figure 5-4(a) shows the 

XRD patterns of two samples, including a bare NiTi substrate sample in BB-XRD 

configuration (pattern (i)) and a deposited Nb film on NiTi substrate sample in BB-XRD 

(patterns (ii)) and A-XRD (pattern (iii)) configurations. The standard XRD peak positions 

of bulk Nb [42] are also presented in the figure as reference. The bare NiTi substrate 

sample exhibited a very strong NiTi-(110)A diffraction peak and a small NiTi-(211)A 

diffraction peak. The strong NiTi-(110)A diffraction indicates a clear rolling texture of the 

NiTi plate. For the Nb film, only (110)Nb peak was observed in BB-XRD configuration 

(pattern (ii)). This implies an exclusive [110] fibre-texture in the film normal direction. 

The (110)Nb peak is also noticeably broad. This is possibly related to the nanocrystalite 

size of the grains (presented below). Figure 5-4(b) shows the (110)Nb pole figure of the 

film in the normal direction. The (110)Nb pole has a unique distribution at 𝜓 =0, 

confirming the [110]Nb fibre texture in the film normal direction. There is another 

intensity distribution in a uniform ring at 𝜓 =60. This is from the other members of the 
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{110} plane family of Nb associated with the exclusive [110]Nb fibre texture. The circular 

uniformity indicates the in-plane isotropic orientation distribution of the Nb polycrystals 

in the film. 

 

 

Figure 5-4. XRD analysis of a Nb film on NiTi substrate. (a) XRD spectrums of two 

samples, including the NiTi substrate in BB-XRD configuration (pattern (i)) and the Nb 

thin film on NiTi substrate sample measured in BB-XRD (pattern (ii)) and A-XRD 

(pattern (iii)) configurations. For the A-XRD measurement, the x-ray incident angle was 

set at  = 4°. (b) (110)Nb pole figure in the film normal direction. 

 

It is evident in Figure 5-4(a) that the (110)Nb diffraction peak appeared at a higher d-

spacing position relative to the standard position, by 0.0086 nm. The larger d-spacing 

value for the (110)Nb planes parallel to the film surface may be caused by a compressive 

in-plane stress or may imply a dilated lattice, or a combination of the two. To clarify and 

delineate the two effects, the BBA-XRD method, recently developed by the authors [43], 

was used. This method is a combination of the conventional BB-XRD with asymmetrical-

XRD (A-XRD) techniques. It allows measurement of the d-spacing value of a set of 

planes non-parallel to the film surface in an A-XRD configuration, so to gain information 

on the in-plane components of the internal strain in the film as well as the out-of-plane 

component. If these out-of-plane and in-plane strains are calculated relative to the true 

unstressed lattice constant, i.e. they are true strains, they must conform to the Poisson’s 

law for the plane stress condition. On the contrary, if they are calculated relative to a 

nominal lattice constant, which is not the true value, these strain values would deviate 

from the Poisson’s law. Therefore, under the constraint of the Poisson’s law, the true 

lattice constant of the film under unstressed condition can also be determined as well as 

the true elastic strains in the film.  



113 

 

An A-XRD measurement was thus conducted under the specific conditions for the 

detection of (211)Nb diffraction. For a [110] normal direction fibre-textured Nb thin film 

with bcc crystal structure, (211)Nb planes are 30 away from the film normal direction. 

The Bragg angle for (211)Nb diffraction with Cu K radiation is 𝜃 = 34.87°. The x-ray 

incident beam required for A-XRD detection of this plane is determined to be =4.87° 

(please refer to reference [43] for the detailed method of calculation).  

 

The A-XRD spectrum obtained from the sample is presented in Figure 5-4(a) (pattern 

(iii)). Comparing to the BB-XRD pattern, the diffraction peaks in the A-XRD pattern 

generally appear broader. This is mainly because of the enlarged instrumental broadening 

in the A-XRD configuration, in which a low incident angle (in our case, ~4°) is commonly 

used. At a low incident angle, the illumination area on the film is larger, resulting in larger 

variation of X-ray optic geometry. This inevitably increases the angle divergence of the 

diffracted beam, thus the broadening of the diffraction peaks. 

 

Examining the Nb diffraction peaks in the A-XRD pattern as shown in pattern (iii) of 

Figure 5-4(a), (211)Nb diffraction was detected. It is from the (211)Nb planes that are 

associated with the [110]Nb fibre-textured grains. These planes are oriented at 30 from 

the (110) planes. Like the (110)Nb diffraction, the (211)Nb diffraction also appeared at a 

higher d-spacing position than that of the bulk Nb. In addition, a broad peak at (110)Nb 

position was also observed.  

 

With the d-spacing values of two sets of planes at two different orientations determined 

by the XRD measurements, under the conditions of linear elasticity and plane stress state 

for the thin film [44], the internal stress and strains, and the unit cell size of the as-

deposited film under stress-free condition can be calculated using equations (5-1)-(5-4), 

as per the method developed by the authors in a previous study [43]. The results are 

summarised in Table 5-2. 

 

𝜎 =
𝐸(𝑎𝑧−𝑎𝑧′)

2𝑣(𝑎𝑧− 𝑎𝑧′)−(1+𝑣)𝑎𝑧 𝑠𝑖𝑛2𝜓 
  (5-1) 
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𝑎0 = 𝑎𝑧 −
2𝑣 (𝑎𝑧− 𝑎𝑧′)

(1+𝑣) sin2𝜓  
 (5-2) 

 

𝜀𝑥 = 𝜀𝑦 =
(1−𝑣)(𝑎𝑧− 𝑎𝑧′)

 2𝑣(𝑎𝑧− 𝑎𝑧′)−(1+𝑣)𝑎𝑧 𝑠𝑖𝑛2𝜓 
 (5-3) 

 

𝜀𝑧 =
−2𝑣(𝑎𝑧−𝑎

𝑧′)

 2𝑣(𝑎𝑧− 𝑎𝑧′)−(1+𝑣)𝑎𝑧 𝑠𝑖𝑛2𝜓  
 (5-4) 

 

where 𝑎𝑧 and 𝑎𝑧′ are the lattice parameters calculated form the d-spacings obtained in the 

BB-XRD and A-XRD measurements. 

 

In the table, 𝜓 = 29.84° is the actual tilt angle for the A-XRD measurement. Subscript 

“1” for the parameters denotes the as-deposited state of the film. Using this method, the 

internal in-plane stress in the as-deposited film is determined to be 𝜎1= -2.92 GPa, using 

Poisson’s ratio 𝑣=0.395 and Young’s modulus 𝐸=105 GPa for Nb [45]. The in-plane 

stress in a Nb film deposited in the same batch but on a silicon substrate was also 

measured using the curvature measurement technique, to be -3.3 GPa in compression. 

This is in good general agreement with that estimated from the lattice spacing 

measurement of the film on NiTi substrate. Compressive stresses of such magnitude are 

commonly observed in sputtering deposited thin films [46-49]. Since the Nb film was 

deposited at room temperature, there shall be little stress contribution from thermal 

expansion coefficient mismatch between the Nb film and the Si substrate or the NiTi 

substrate. This implies that the compressive stresses in the films may be mainly caused 

by the peening effect of the energetic incident particles [32, 33, 47, 48, 50-55]. 

 

The lattice constant of the unit cell in the stress-free state for the Nb film is determined 

to be 𝑎𝑜 = 0.3347 nm. This is 1.42% larger than the standard unit cell constant of bulk 

Nb (0.3300 nm). Similar observations of unit cell dilation of Nb thin films deposited by 

sputtering have also been reported in the literature, typically in the range of 0 ~ 6% [55-

57]. This has been attributed to the entrapment of impurity atoms in the film, such as 

argon which is often used as the carrier gas [58-60].  For example, Wu reported that an 

argon content of 0.2 at% in a magnetron sputtered Nb film caused 0.9% lattice expansion 

[55].  
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With reference to the stress-free lattice constant (𝑎𝑜) determined, the elastic lattice strains 

in the film can be resolved. The equilateral in-plane elastic strains in the film was 

determined to be 𝜀1
𝑥 = 𝜀1

𝑦
=-1.68% (compressive) and the out-of-plane elastic strain was 

determined to be 𝜀1
𝑧 =+2.20% (tensile).  

 

 

Table 5-2. d-spacings, internal in-plane stress, stress-free lattice size and in-plane and out-

of-plane elastic strains of the as-deposited Nb film. 

d-spacing (nm) 
Tilting 

angle () 

Stress-free lattice 

parameter (nm) 

Internal 

stress (GPa) 

Elastic strain (%) 

BB-XRD 

(110)Nb 

A-XRD 

(211)Nb 
In-plane Out-plane 

𝑑1
z 𝑑1

𝑧′
 𝜓 𝑎𝑜 𝜎1 𝜀1

𝑥=𝜀1
𝑦

 𝜀1
𝑧 

0.2419 0.1383 29.84 0.3347 -2.92 -1.68 +2.20 

 

5.3.3. Elastic strains in Nb thin film induced by SIMT of the NiTi substrate 

The Nb film on NiTi substrate sample was subjected to pseudoelastic deformation in 

tension via stress-induced A↔M martensitic transformation in the substrate. Figure 5 

shows the in-situ XRD measurements of the sample during five deformation cycles. 

Figure 5(a) presents the XRD patterns of the sample collected using the BB-XRD method. 

The patterns presented in red colour were collected at the end of the stress plateau of 

SIMT, i.e. at point “c” on the pseudoelastic stress strain curve of the NiTi substrate shown 

in Figure 5-3(b). The blue coloured patterns were collected in the austenite state for the 

NiTi substrate after pseudoelastic unloading, corresponding to point “d” in Figure 5-3(b). 

It is seen that the A↔M transformation in the NiTi substrate occurred repeatedly upon 

each loading and unloading, as evidenced by the change-over between the (110)A and 

(111)M diffraction peaks. The respective positions of the (110)A and (111)M peaks 

remained unchanged during the deformation cycles. In comparison, the (110)Nb peak 

shifted between two positions corresponding to the forth and back A↔M transformations. 

The (110)Nb peak shifted to a lower d-spacing position with the formation of the 

martensite upon each loading and a higher d-spacing position with the formation of the 
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B2 phase upon unloading. These peak shifts allow the determination of d-spacing strains 

in the film thickness direction (z direction), 𝜀2
𝑧. Subscript “2” denotes the deformed state. 

 

 

Figure 5-5. In-situ XRD analysis of d-spacing lattice strains in a Nb film on NiTi 

substrate sample over tensile pseudoelastic deformation cycles. (a) BB-XRD patterns 

and (b) A-XRD patterns. The red coloured patterns were recorded at the end of the 

pseudoelastic stress plateau of the NiTi substrate (loaded, maximum stress) and the blue 

coloured patterns were recorded at the end of unloading of the deformation cycle (zero 

stress). (c) Variations of the out-of-plane lattice elastic strain (𝜀𝑧) and in-plane lattice 

elastic strain (𝜀𝑦) of the Nb film during the pseudoelastic deformation cycles. (d) Net 

changes of the out-of-plane lattice elastic strain (∆𝜀𝑧) and in-plane lattice elastic strain 

(∆𝜀𝑦) between the loaded (martensite) and unloaded (austenite) states. The data in black 

symbols in (c) represents the in-plane lattice strains in the transverse direction x during 

5th cycle. 

 

Figure 5-5(b) shows the XRD patterns collected using the A-XRD method, revealing the 

(211)Nb diffraction peak. The (211)A peak was also present in this range. The (211)A peak 

disappeared upon loading and reappeared upon unloading, corresponding to the forth and 
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back A↔M transformations. The (211)Nb planes responsible for the diffraction are at 30 

inclination from the (110)Nb plane (or the film normal direction). The diffraction shifted 

to a higher d-spacing position upon each loading. These peak shifts allow the 

determination of d-spacing strains in the tilted angle from the film normal direction (z' 

direction), 𝜀𝑧′
. Using the measured values of 𝜀𝑧 and 𝜀𝑧′

, the elastic strain of the film in 

the y direction (the loading direction) can be calculated using strain transfer in rotated 

coordinates as [44]: 

 

𝜀𝑦 = [𝜀𝑧′
− 𝜀𝑧 cos𝜓2 −

1

2
𝛾𝑦𝑧 sin 2𝜓] /sin 𝜓2 (5-5)  

 

where 𝛾𝑦𝑧 is the shear strain in the deformed state in the yz plane, and is negligible for a 

thin film. Thus: 

 

𝜀𝑦 = [𝜀𝑧′
− 𝜀𝑧 cos𝜓2]/sin 𝜓2 (5-6) 

 

The net changes of the elastic strains of the film in the y and z directions relative to the 

as-deposited state can be determined as ∆𝜀𝑦 = 𝜀2
𝑦

− 𝜀1
𝑦

 and ∆𝜀𝑧 = 𝜀2
𝑧 − 𝜀1

𝑧, respectively.  

 

The change of 𝜀𝑦 between the loaded (point “c” in Figure 5-3(b)) and the unloaded (point 

“d” in Figure 5-3(b)) states over the deformation cycles are plotted in Figure 5-5(c). The 

bold  and  arrows indicate loading (stress-induced A→M transformation) and 

unloading (pseudoelastic reverse M→A transformation) of the deformation cycles, 

respectively. It is seen that 𝜀𝑦 increased from -1.68% in the as-deposited state to 3.11% 

upon the first tensile deformation via A→M transformation in the NiTi substrate on 

loading and returned to its compressive state upon unloading. The tensile strain at the end 

of loading increased slightly to a maximum of +3.69% over the subsequent deformation 

cycles. The compressive strain at the end of unloading decreased and reached a minimum 

of -3.66% after the second loading cycle, which is significantly more compressive than 

that in the initial as-deposited state. For the third and fourth unloading, the magnitude of 

the compressive strain decreased and reached -2.13%. This is likely caused by unintended 

incomplete unloading, i.e. the substrate may have not reached point “d” in Figure 5-2(b).  
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The change of 𝜀𝑧 is also plotted in Figure 5-5(c). It is seen that 𝜀𝑧 decreased upon loading 

and increased (restored) upon unloading, both in the opposite directions to the changes of 

𝜀𝑦. This is more evident in the lattice strain changes shown in Figure 5-5(d). In this figure, 

∆𝜀𝑦 and ∆𝜀𝑧 are the difference of the elastic strains from the undeformed (unloaded) state 

to the deformed (loaded) state in the y and z directions respectively. The maximum value 

of ∆𝜀𝑦 reached was ~ 6.80%. In comparison, the maximum ∆𝜀𝑧 reached was ~ -1%.  

 

There are two “unexpected” observations in the measured values of 𝜀𝑧  presented in 

Figure 5-5. First, when 𝜀𝑦 is changed by the applied uniaxial deformation from negative 

(compressive) to positive (tensile), 𝜀𝑧  still remained positive. This appears in 

contradiction to the Poisson’s law. Second, the change of 𝜀𝑧 upon loading and unloading 

is in the opposite direction to that of 𝜀𝑦, as expected of the Poisson’s law. However, the 

magnitude of the change, ∆𝜀𝑧, is much smaller than what may be expected for an uniaxial 

deformation relative to ∆𝜀𝑦 . For a free-standing film under uniaxial tension in the y 

direction, the Poisson contractions in the x and z directions are ∆𝜀𝑧=∆𝜀𝑥=-𝑣𝑁𝑏 ∙ ∆𝜀𝑦. 

Thus for the ∆𝜀𝑦=6.80% determined, ∆𝜀𝑧 may be expected to be -2.37%. This is in clear 

disagreement with the ∆𝜀𝑧 values determined experimentally (-0.97%). This is due to that 

even though the substrate was deformed uniaxially, the film on the substrate was actually 

subjected to a bilateral deformation by the substrate in both the x and y directions. For the 

Nb film on the NiTi substrate, when the substrate is uniaxially stretched in the y direction, 

the contraction of the film in the x direction is confined and dictated by the contraction of 

the substrate in the x direction, whereas in the z direction the film is unconstrained by the 

substrate and is free to contract elastically as per the Poisson’s law.  

 

In addition, the Poisson contraction of the NiTi substrate in the x direction is also 

complex, because it involves both the elastic deformation and the stress-induced 

martensitic transformation. Referring to the pseudoelastic stress-strain curve of the NiTi 

substrate shown in Figure 5-3(b), due to the Lüders-type deformation nature, the stress-

induced martensite has a total strain of 𝜀𝑦
𝑁𝑖𝑇𝑖=7.40% in the y direction, consisting of 

both an elastic lattice strain and a crystallographic deformation strain associated with the 

transformation. Given that the plateau stress is ~360 MPa (Figure 5-3(b)) and using a 

Young’s modulus of 90 GPa for NiTi [61, 62], the elastic lattice strain component is 
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estimated to be 𝜀𝑒𝑙
𝑁𝑖𝑇𝑖 0.40%, and the remaining 7.0% strain is attributed to the 

crystallographic strain of the B2→B19' transformation (𝜀𝑆𝐼𝑀𝑇
𝑁𝑖𝑇𝑖 ). The Poisson’s ratio of 

elastic deformation of NiTi is 𝑣𝑒𝑙
𝑁𝑖𝑇𝑖 =0.33 [63] and the Poisson’s ratio of the stress-

induced B2→B19' transformation (SIMT), which is an isochoric process, is 𝑣𝑆𝐼𝑀𝑇
𝑁𝑖𝑇𝑖 =0.5. 

Thus, upon loading, the lateral contraction in the x direction of the NiTi substrate is: 

 

𝜀𝑥
𝑁𝑖𝑇𝑖 = -𝑣𝑒𝑙

𝑁𝑖𝑇𝑖 . 𝜀𝑒𝑙
𝑁𝑖𝑇𝑖 - 𝑣𝑆𝐼𝑀𝑇

𝑁𝑖𝑇𝑖  . 𝜀𝑆𝐼𝑀𝑇
𝑁𝑖𝑇𝑖  = -0.330.40 - 0.57.00 = -3.63%.  (5-7) 

 

This bilateral deformation condition causes inequality in the lateral deformation between 

the x and z directions, thus the apparent disagreement of the 𝜀𝑧 measurements with the 

Poisson’s law. 

 

To verify this explanation, the elastic strain in the x direction was measured in the fifth 

deformation cycle. Figure 5-6 shows the XRD measurements using both the BB-XRD 

and A-XRD methods of the sample. The observation in the BB-XRD measurement 

(Figure 5-5(a)) is practically identical to those of the first four cycles presented in Figure 

5-5(a), as expected. Figure 5-6(b) shows the A-XRD measurements of the sample in both 

the y and x directions. It is seen that upon loading, the (211)Nb peak shifted to a higher d-

spacing value in the y direction (the loading direction) but to a lower d-spacing value in 

the x direction (the transverse direction to the load), i.e. a tensile strain in the loading 

direction and a contraction strain in the transverse direction. Using these measurements, 

the lattice strain in the 𝑥 direction can be determined using: 

 

𝜀𝑥 = [𝜀𝑧" − 𝜀𝑧 cos 𝜒2]/sin 𝜒2 (5-8) 

 

where 𝑧" denotes the normal direction of the (211)Nb planes that gives rise to the (211)Nb 

diffraction detected in the A-XRD measurement in the x direction, i.e. the 𝜒  angle 

expressed in Figure 5-2(a),  𝜀𝑧" is the d-spacing strain of (211)Nb oriented with its normal 

in the 𝑧" direction, and 𝜀𝑧 is the d-spacing strain in the normal direction of the film, i.e. 

the (110)Nb lattice strain determined by the BB-XRD measurement.  
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Figure 5-6. In-situ XRD measurements of the lattice strain changes in the y and x 

directions in the fifth deformation cycle. (a) BB-XRD measurements of the sample in 

the loaded (deformed) and unloaded (undeformed) states. (b) A-XRD measurements of 

the sample in the y and x directions. 

 

The measured d-spacing values and the elastic strains of the film for the 5th deformation 

cycle are presented in Table 5-3. As seen in the table, upon loading in the y direction, the 

pre-existing tensile elastic strain in the z direction was reduced (relaxed) by ∆𝜀𝑧=-0.98% 

from +2.29% in the unloaded state to +1.31% in the loaded state. The elastic strain in the 

loading direction (y) was increased by ∆𝜀𝑦 =5.64%, from -1.92% in compression to 

+3.72% in tension. This corresponds to a ~76% strain transfer to the film from the 7.4% 

total strain of the NiTi substrate. The elastic strain in the lateral direction (x) was increased 

(strengthened) by ∆𝜀𝑥=-2.77% from -0.64% to -3.41% in compression. This is smaller 

than the ∆𝜀𝑥
𝑁𝑖𝑇𝑖 =-3.63% estimated above. This also corresponds to ~76% strain transfer 

in the x direction, like in the y direction. The remaining strains (24%) in both directions 

may be in the form of plastic deformation of the film, which is invisible to XRD 

measurements. This is supported by the observation of the increased compressive strain 

of the film in the loading direction (y) after unloading (Figure 5-5(c)) and the anisotropy 

of the measured elastic strains in the x and y directions in the unloaded state, as seen in 

Table 5-3 for the fifth deformation cycle: 𝜀𝑥=-0.64% and 𝜀𝑦=-1.92%. The elastic strains 

in the x direction for the fifth deformation cycle are also plotted in Figure 5-5(c) for clear 

visual comparison.  

 



121 

Table 5-3. Elastic strains and stresses in the Nb film in the as-deposited state, and loaded 

and unloaded states as determined experimentally from the 5th deformation cycle.  

 

BB-XRD 

(110)Nb (nm) 

A-XRD 

(211)Nb (nm) 
Elastic strain (%) 

𝑑𝑧(𝑧) 𝑑𝑧′(𝑦) 𝑑𝑧"(𝑥) 𝜀𝑧 𝜀𝑦 𝜀𝑥 

As-deposited 0.2419 0.1383 (0.1383) +2.20 -1.68 -1.68 

Loaded (𝜀2) 0.2398 0.1392 0.1368 +1.31 +3.72 -3.41 

Unloaded (𝜀1) 0.2421 0.1384 0.1388 +2.29 -1.92 -0.64 

Strain change ∆𝜀 = 𝜀1 − 𝜀2 -0.98 +5.64 -2.77 

 

To better present the framework of the argument, a schematic illustration is given in 

Figure 5-7. The argument presented in the figure is for a hypothetical first deformation 

cycle from the as-deposited state, and the numerical values are only indicative with best 

sympathy to the measured values but not confined to them. They are to help illustrate the 

framework of the argument. The essential base information and the notations used are 

given in the pale green information patch below (a). The “elastic strain” refers to the 

lattice strain (true elasticity). The “transformation strain” refers to the crystallographic 

strain (shape change) of the phase transformation, which is recoverable via the reverse 

transformation but is not detectable in d-spacing measurement by XRD. The 

“crystallisation strain” refers to the shape change caused by crystallisation 

(devitrification) of an amorphous phase. This produces a physical strain without an elastic 

stress and is not detectable in d-spacing measurement by XRD. The black text and arrow 

indicate the net total strain in a given state. 
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Figure 5-7. Schematic illustration of strain transfer from the NiTi substrate to the Nb 

thin film during a pseudoelastic deformation cycle of the substrate via stress-induced 

martensitic transformation. (a) The film-substrate assembly in the as-deposited state 

with the film experiencing an equiaxial bilateral compression. (b) The assembly under 

uniaxial tensile deformation of the substrate via stress-induced martensitic 

transformation by 7.40% in the y direction. (c) The assembly in unloaded state after a 

pseudoelastic deformation cycle in which some deformation induced crystallisation of 

the film has occurred. The analysis is based on a hypothetical first deformation cycle. 

The strain values in shaded background are the actual values measured experimentally 

in the as-deposited state in (a) and in the first deformation cycle in (b) and (c) for 

reference. 

 

Figure 5-7(a) illustrates the condition of the film-substrate assembly in the initial as-

deposited state. The film is under equilateral biaxial compression in the x and y directions 

by -1.68%. The Poisson’s response in the z direction is +2.20% expansion.  

 

Figure 5-7(b) expresses the state of the sample when the substrate is subjected to 

pseudoelastic deformation via stress-induced martensitic transformation. The upper 

illustration expresses the situation of the NiTi substrate. It is stretched in y direction by 

+7.40% tensile strain, consisting of an elastic strain and a crystallographic strain from the 

stress-induced martensitic transformation. The elastic strain is estimated to be around 

+0.40%, given the stress plateau at ~360 MPa stress and a Young’s modulus of 90 GPa 

for NiTi. The remaining 7.0% is attributed to the crystallographic strain of the 

transformation. The Poisson’s response in the x direction consists of -0.13% contraction 

from the 0.40% elastic strain in the y direction at a Poisson’s ratio of 0.33 and -3.50% 

contraction from the 7.00% crystallographic strain in the y direction at a Poisson’s ratio 

of 0.5. The total lateral contraction in x is -3.63%. The Poisson’s response in the z 

direction for the substrate is irrelevant. 
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The lower illustration expresses the situation of the Nb film. The film is under a bilateral 

straining from the substrate, consisting of +7.40% in y and -3.63% in x directions. In the 

y direction, the film generates +0.40% elastic strain to match the same elastic strain from 

the substrate, +4.39% elastic strain to match partially the +7.00% transformation strain 

from the substrate, with the remaining +2.61% strain accommodated in the form of 

crystallisation strain by the crystallisation of the amorphous phase in the film. Together 

with the pre-existing -1.68% compression, this gives an elastic strain of +3.11% in the y 

direction, which is the experimentally measured lattice strain (in fact the split of the 

7.00% transformation strain from the substrate into +4.39% elastic strain and +2.61% 

crystallisation strain is to meet the experimental value). The elastic strain transfer from 

the substrate to the film in the y direction is +4.79%. 

 

In the x direction, the film generates -0.13% elastic strain in response to the same elastic 

strain from the substrate. For the -3.50% contraction imposed by the martensitic 

transformation of the substrate, the film may respond with a -2.20% elastic compression 

and -1.31% crystallisation contraction associated with the crystallisation of the 

amorphous phase in the film. The split of the -3.50% contraction into the -2.20% elastic 

strain and -1.31% crystallisation strain is arbitrary but is in the same proportion between 

elasticity and crystallisation as for the y direction. Together with the pre-existing -1.68% 

compression strain, the net strain in x is -4.01%. The elastic strain transfer from the 

substrate to the film in the x direction is -2.33%. 

 

For a tensile strain of +3.11% in y and a compressive strain of -4.01% in x, the Poisson’s 

response in z is estimated to be +0.59% in tension. This is significantly less than the 

experimentally measured strain of +2.05%. There could be a few possible reasons for this 

discrepancy of this calculation. For example, the Poisson’s ratio of the Nb film could be 

different from that of bulk Nb used here (𝑣=0.395), considering that the film has a lattice 

constant 1.42% larger than that of the bulk. Another possible cause of the discrepancy 

could be that the elongation strain of the NiTi substrate used for in-situ XRD 

measurement could be different from that value used (7.40%), which was measured on 

the Instron machine using a different sample geometry. 
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Figure 5-7(c) expresses the condition of the sample after pseudoelastic unloading of the 

substrate. The substrate experiences full reversion of the elastic and transformation strains 

in the y direction by -7.40% and the corresponding Poisson’s effect in the x direction by 

+3.63%.  

 

For the film, however, +2.61% of the +7.40% elongation imposed by the substrate in the 

y direction upon loading was accommodated in the form of crystallisation strain, which 

is inelastic. This strain does not self-recover but converted to a -2.61% elastic 

compression in the film upon the pseudoelastic unloading of the substrate. Together with 

the initial -1.68% elastic strain, it gives a net -4.29% compression in the y direction, as 

seen in the lower illustration of Figure 5-7(c).  

 

In the x direction, similar to the case of the y direction, the -1.31% crystallisation strain 

created upon loading is now converted to +1.31% elastic strain upon unloading, which 

helps to reduce the initial -1.68% compression to -0.37% net strain in the x direction. The 

Poisson’s response in the z direction to the -4.29% compression in the y direction and -

0.37% compression in the x direction is +3.04% in expansion. This is clearly larger than 

the experimentally measured strain of +2.22% in the z direction.  

 

5.3.4. Microstructure of the Nb thin film before and after the NiTi substrate 

deformation 

Figure 5-8 shows the microstructure of the Nb thin film in the as-deposited state. Figure 

5-8(a) shows a STEM bright field image of the cross-section of the film. The film was 

~100 nm thick, and it had two distinctive regions in approximately equal thickness. The 

bottom region is amorphous, and the top region is crystalline with nano-sized crystallites. 

The distinction between the bottom amorphous layer and the top crystalline layer is very 

clear and consistent throughout the film. There is little variation in the thickness of the 

amorphous layer for a given film and the boundary between the layers is always flat and 

straight. The inset is a SAED pattern of the area highlighted by the dashed green circle. 

The pattern contains diffraction spots of a [110] textured film as well as a diffused 

amorphous ring. The [110] fibre texture in the film normal direction has a small spread 

of 12. Figure 5-8(b) shows an enlarged view of a local area containing both the 

crystalline and the amorphous structures. Figure 5-8(c) shows Fast Fourier Transform 
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(FFT) patterns obtained from different regions indicated in Figure 5-8(b). Patterns 1 and 

2 are indexed to Nb in zone [11̅1] and pattern 3 is indexed to zone [001]. All the three 

patterns show the same [110] crystallographic orientation in the film normal direction, 

consistent with the XRD observation of the [110] fibre texture of the film. The different 

zone axes also reflect the nano polycrystalline nature of the film. Pattern 4 is from the 

lower part of the film and reveals clearly the amorphous structure. Figure 5-8(d) shows a 

high resolution image of the pink rectangular area “A” identified in Figure 5-8(b). The 

crystalline region consists of crystallites of ~ 5 nm in size. The crystallographic planes 

identified in each grain represent the (110) planes, and their orientations are consistent 

with the SAED observation of the small spread of 12 in the film normal direction. 

 

 

Figure 5-8. Microstructure of the Nb film on NiTi in the as-deposited state. (a) A bright 

field STEM image of the cross-section of the film on substrate, revealing two distinctive 

regions of the Nb film. The inset in (a) is a selected area diffraction pattern from the 

film including both the upper crystalline region and the lower amorphous region. (b) A 

local view of the cross-section of the sample at a higher magnification confirming the 

amorphous state of the lower part of the film and the nanocrystalline state of the upper 
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part of the film. (c) FFT patterns of the regions identified by the red boxes in (b). (d) 

HR-TEM image of the crystalline region in the upper half of the film, showing its nano 

polycrystalline structure.  

 

Figure 5-9 shows the microstructure of the Nb film on NiTi substrate sample after four 

pseudoelastic deformation cycles. Figure 5-9(a) is a STEM bright field image of the cross-

section of the sample. The film remained intact without any noticeable physical damage 

or debonding from the substrate. Comparing to the film in the as-deposited state, the 

crystalline region has obviously expanded and the boundary between crystalline and the 

amorphous regions has become much less straight and regular. In some areas the 

crystalline region has nearly penetrated through the thickness, reaching to the bottom of 

the film. The inset is a SAED pattern of the area highlighted by the dashed green circle. 

The diffused amorphous ring observed in the as-deposited film (Figure 5-8) is almost 

disappeared. Moreover, the arc angle of the [110]Nb diffraction spots is wider, at ~20°. 

Figure 5-9(b) shows a local area of the film at a higher magnification. Figure 5-9(c) shows 

FFT patterns of a few regions indicated by the red boxes in Figure 5-9(b). Pattern 1 is the 

same with that of the pre-existing crystallites in [110] film normal orientation but showing 

much increased structural regularity (crystallinity). Pattern 2 is still in amorphous state. 

Patterns 3 and 4 are from regions close to the tips of the expanded crystalline phase and 

show clearly different orientations of the newly formed crystallites from the original 

grains.  
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Figure 5-9. Microstructure of the Nb film on NiTi after 4 pseudoelastic deformation 

cycles. (a) A bright field TEM micrograph of the cross-section of the film on substrate, 

(b) A local view of the film cross-section at a higher magnification. (c) FFT patterns of 

the region identified by the red boxes in (b). 

 

This observation demonstrates a strain-induced crystallisation of the amorphous layer of 

the Nb film. Deformation induced crystallisation, also known as deformation induced 

devitrification (DID), has been reported for amorphous metals (metallic glasses) in the 

literature, for example in an aluminium alloy (Al-5Fe-5Gd at.%) [64], a zirconium alloy 

(Zr-17.9Cu-14.6Ni-10Al-5Ti at.%) [65], and a Cu-Zr metallic glass thin film on 

polyimide substrate [66]. Metallic glasses are thermodynamically unstable and may 

transform to a more stable crystalline state when sufficient energy is provided to the 

system, such as tempering and annealing. These observations demonstrate that the energy 

input from a mechanical deformation is sufficient to induce crystallization in metallic 

glasses. In metallic glasses, atoms are occupying more-or-less random positions in the 

structure. Strain-induced crystallisation may only require very local relocation of atoms, 

well below one inter-atomic distance, thus mechanical deformation is sufficient to enable 

such process, in the context of both the free energy driving force and crystallographic 

pathways. Experimentally strain-induced crystallisation has been observed to occur 

mostly in shear transformation zones (STZs). In STZ homogeneous flow of atoms takes 

place to encourage atoms in unstable positions to shift to more stable positions and form 

new nanocrystals [67, 68]. In our case, the pre-existing nanocrystallites serve as 
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heterogeneous nucleation sites to further enable the deformation induced crystallisation 

process. In addition, the accumulation of local inelastic strains in such case is achieved 

by atomic rearrangement. 

The strain-induced crystallization is believed to occur mostly during the first deformation 

cycle and intensified gradually during the subsequent cycling. This is evidenced by the 

clear narrowing of the width and the increase of the intensity of the Nb (110) diffraction 

peak after the first pseudoelastic deformation cycle in Figure 5-5(a). 

It is worth noting here that this deformation induced crystallisation of the amorphous 

phase may well be the cause or may contribute to the “plastic” deformation (inelastic 

deformation) identified above, which does not contribute to strain transfer from the 

substrate to the film. 

The integrity of the film/substrate interface is retained during pseudoelastic cycling, as 

confirmed by the TEM observation (e.g. Fig. 5-9(a)). This is also demonstrated by the 

large elastic lattice strains achieved in the Nb film during the pseudoelastic cycling. If 

debonding had occurred between the film and the substrate, such transfer of large elastic 

strains from the substrate to the film would have not been possible. 

Figure 5-10 shows SEM examination of the surface morphology of the Nb film on NiTi 

substrate. Figures 5-10(a) shows the surface of the film in the as-deposited state at a low 

magnification. It is evident that, despite its large internal compressive stresses, the film is 

intact with no sign of buckling or delamination. Figures 5-10(b) shows the surface at a 

higher magnification. The film is pristine at this level, too. Faint surface relief features 

may be recognised, possibly from the NiTi substrate. Figures 5-10(c) and (d) show the 

surface of the Nb film after four pseudoelastic deformation cycles, at different 

magnifications. The film is free of any cracking or buckling and has sustained the large 

strain induced by SIMT of NiTi in repeated deformation cycles. 

Surface relief is commonly observed for thermally induced self-accommodated 

martensite on pre-polished surfaces, due to the lattice distortion of the martensite and the 

orientation differences among the martensite variants. The magnitude of the surface 

tensile strain caused by the surface relief (i.e. the relative length elongation of a straight 

line on the pre-polished surface due to surface relief) is considered much smaller (by at 

least one order of magnitude) than the tensile strain of a stress-induced martensite. There 
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is no direct measurement of such surface strain reported in the literature, but the intactness 

of the natural surface oxide layer gives a circumstantial evidence of the smallness of the 

surface tensile strains. Furthermore, for a stress-induced martensite, the surface relief is 

expected to be even less significant, i.e. the surfaced tensile strains are even smaller, 

apparently due to the much reduced orientation difference among the aligned martensite 

variants. Therefore, its contribution to the elastic strain of the Nb film is considered 

negligible during the pseudoelastic deformation cycles. 

 

 

Figure 5-10. Surface morphology of the Nb film on NiTi substrate. (a) and (b) The film 

in as-deposited state at two different magnifications. (c) and (d) The film after four 

pseudoelastic deformation cycles at two different magnifications. 

 

5.4. Conclusions 

The experimentation, data analysis and discussions presented above on the elastic strain 

transfer and retention of a Nb thin film on a pseudoelastic (superelastic) NiTi substrate 

system support the following conclusions: 

(1) The sputter-deposited Nb film had a larger stress-free lattice size relative to its 

bulk counterpart, likely caused by the incorporation of foreign atoms during the 

sputtering deposition process. The stress-free lattice constant is determined to be 

0.3347 nm, which is 1.42% larger than that of the bulk Nb.  
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(2) The Nb film in its as-deposited state contained large equibiaxial in-plane 

compressive lattice strains of -1.68% and a Poisson expansion of +2.20% lattice 

strain in the out-of-plane direction. The in-plane strains correspond to an 

equibiaxial in-plane compressive stress of -2.9 GPa. 

(3) For the film-substrate system, when the substrate is subjected to a uniaxial 

deformation, due to the Poisson’s effect of the substrate, the film is placed under 

a bilateral deformation condition. The actual correlations of strains between the 

film and the substrate and between the loading and lateral directions are complex, 

due to the involvement of different deformation mechanisms such as elastic, phase 

transformation of the substrate, crystallisation of the amorphous film and possible 

plastic deformation, and the different Poisson’s ratios for each of the 

aforementioned deformation mechanisms. 

(4) Using the stress induced martensitic transformation of the NiTi substrate, a strain 

transfer of +5.64% from the substrate to the film was achieved, resulting in the 

film to change its state from -1.92% in compression to +3.72% in tension in the 

loading direction. In the lateral direction, a strain transfer of -2.77% was also 

achieved concurrently. A note of caution is to be given that when evaluating the 

effect of elastic strains on the properties of the film using this method, the bilateral 

strain state needs to be recognised. 

(5) Using the pseudoelastic nature of the NiTi substrate, such straining and relaxing 

of the film can be repeated mechanically by the pseudoelastic deformation of the 

NiTi substrate. By this method, the Nb film exhibited lattice strains alternatingly 

between +3.65% in tension and -3.23% in compression in the loading direction of 

the applied deformation. 

(6) The as-deposited Nb film contained both an amorphous bottom layer (first 

formed) and a nanocrystalline top layer (later formed). The nanocrystallites in the 

top layer are uniaxially textured with [110] aligning to the film normal direction, 

forming an out-of-plane fibre texture. Large deformation (imposed by the NiTi 

substrate) was found to cause strain-induced crystallisation of the amorphous 

region of the film. 

(7) The deposited Nb film was found free of surface, interior or interface defects with 

the NiTi substrate. The film was also found free of any physical damages, cracking 

or delamination from the substrate after repeated large deformation cycles induced 

by the pseudoelastic deformation of the NiTi substrate to greater than 7% uniaxial 

tensile strains.  
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The findings of this work demonstrate that substrates capable of stress-induced 

martensitic phase transformations are promising candidates for producing ultra-large 

elastic strains in metallic thin films. This has the potential to be used as a novel means for 

tuning physical and chemical properties of thin film materials for functional applications. 
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Chapter 6. Closing remarks 

 

6.1. Main findings 

This thesis presented an investigation on the possibility of inducing large elastic strain in 

thin films by utilising different modes of phase transformation in NiTi substrates. The 

main findings may be summarised as following. 

(1) Determining elastic strain state of thin films 

Prior to inducing elastic strain to the thin film, its initial strain and stress state 

must be known. XRD techniques, as the most precise methods of stress-strain 

determination in crystalline materials are capable of measuring interplanar 

spacing of crystallites. Deviation of the measured d-spacing from a stress-free d-

spacing reference, allows determination of stress and elastic strain from the 

Hooke’s law. For sputter deposited thin films, this stress-free d-spacing is 

unknown. This is due to the incorporation of sputtering gas atoms during 

deposition. Thus, to accurately measure the magnitude and the net transferred 

elastic strain in thin films generated by the NiTi substrate, it is essential to 

determine their stress-free lattice size, internal stress and strain state. 

Although the conventional sin𝜓2 method is able to determine the stress/strain 

state by tilting the sample and measuring d-spacing for a range of tilt angles, it 

requires goniometer and point focus hardware that may not be available in most 

labs. Furthermore, thin films often have crystallographic preferential orientations 

that creates complications in XRD measurements. 

To remove these challenges, an XRD method was developed that enables 

determination of stress-free lattice size, elastic strain and internal stress in thin 

films by combining two XRD configurations of Bragg Brentano XRD and 

asymmetrical XRD. This method removes the scarce hardware requirements of 

the conventional sin𝜓2 method. This method is devised for thin films with cubic 

crystal structure and can be used for both fibre-textured and non-textured films. 

 

(2) Inducing elastic strain by stress-induced martensitic transformation of NiTi 

substrate 

Superelastic NiTi can generate 6-8% recoverable transformation strain via stress-

induced martensitic transformation (SIMT). This mode of deformation is used to 
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induce elastic tensile strain in a thin film. The created strain by this mode of 

deformation requires active load on the NiTi in order for the strain to be 

maintained. Upon removal of the load, the generated strain will be recovered. This 

requires an in-situ measurement. i.e. The strain measurement by x-ray needs to be 

conducted when the sample is under application of external load. This was 

overcome by designing a tensile apparatus that fits into the XRD machine and 

enables the study of elastic strain in thin films on superelastic NiTi substrate. 

In this study, SIMT of NiTi substrate was used to generate ultra large tensile 

elastic strains of up to 6.8% was transferred to Nb thin film. The superelastic 

substrate used in this study was able to produce 7.4% tensile recoverable 

transformation strain via stress-induced martensitic phase transformation.  

The internal stress, stress-free lattice size and elastic strain of Nb film were 

determined prior to inducing strain, using the developed BBA-XRD method. 

Then, the effect of SIMT of NiTi on Nb film was determined in-situ XRD 

measurements. Elastic strain of the film was determined by comparing the d-

spacing changes with the one of the calculated stress-free state. The results 

showed that the NiTi substrate induced an average ~6% net elastic strain in the 

film over the of five tensile deformation cycles. The film surface images showed 

that multiple deformation cycles incurred no apparent physical damage. 

Furthermore, cross-sectional crystal structure investigations showed that the as-

deposited film was partially crystalline, and several deformation cycles imposed 

by the substrate resulted in some strain-induced crystallisations in the amorphous 

region of the film. The findings in this study demonstrates how ultra large elastic 

strains can be created in thin films by SIMT of NiTi substrate. 

 

 

6.2. Future work 

The outcome of this PhD study demonstrated how phase transformation of NiTi can 

generate large elastic strain in thin films. The immediate future work can be suggested as 

following. 

(1) Creating compressive strain in thin films via SIMT 

As suggested in Chapter 5, it may be possible to transfer compressive elastic 

strains in thin films by SIMT. By stretching the superelastic NiTi substrate and 
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depositing the film on top, by removing the load on the substrate, large 

compressive elastic strains will be transferred to the films. 

 

(2) Creating compressive strain in thin films via SME 

Similarly, it may be possible to deform the NiTi substrate in shape memory effect 

and deposit a thin film on top. By heat recovery of the substrate, the film is 

expected to experience compressive elastic strains. 

 

(3) Investigation on thin film thickness and elastic strain transfer  

The magnitude of elastic strain that can be transferred to the film may be a 

function of film thickness. This can be investigated for different modes of 

deformations in NiTi. 

 

(4) Investigation on internal stress of the thin film on elastic strain transfer 

Internal stress and initial elastic strain of thin film may affect the magnitude and 

type of elastic strain that can be transferred to the film. For example, larger 

compressive elastic strains may be possible to be induced to a thin film under 

internal tensile stress, compared to a film under compressive stress. 

 

(5) Investigation on different modes of deformations in NiTi on strain-induced 

crystallisation of thin films 

The role of deformation mode of NiTi in the strain-induced crystallisation of 

amorphous and partially crystalline thin films can be investigated. This 

phenomenon was observed in the Nb film and cyclic deformation by SIMT. This, 

however, may not be unique to Nb neither to the SIMT deformation mechanism. 

Thus, it may be possible to enhance crystallinity of different amorphous films by 

SIMR or SME of NiTi. 

 

(6) Investigation on tunability and maximising retainable elastic strain via SIMR 

The work in chapter 6, studied the effect of 6% tensile deformation of self-

accommodated martensite NiTi on elastic strain of Nb thin film. The NiTi 

substrate is able to create uniform strains in a wide range of 1% to 10%. This 

allows investigations on tunability of retained elastic strain in SIMR. This also 

enables determination of maximum elastic strain that can be transferred and 

retained in a thin film by SIMR. 
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(7) Investigation on substrate surface relief 

Formation of martensite variants and how the substrate surface changes to 

accommodate those variants, may affect the strain that is transferred to the thin 

film. The effect of substrate martensitic surface relief on elastic strain of the thin 

film can be investigated by both stress-induced martensitic transformation as well 

as temperature induced martensitic transformation. 

 

(8) Functional property measurements 

Finally, the ultimate goal of generating large elastic strain in thin film is to change 

or enhance its surface functional properties. The functional property testing was 

not attempted in this PhD work. With the materials designs and testing methods 

established in this thesis, a meaningful continuation of the research is to 

investigate the effects of large elastic strains on the physical and chemical 

properties of a thin film, such as electronic, optical, magnetic, phonic, and 

catalytic properties.  
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