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Abstract 

The ideal elastic limit is the upper bound of the achievable strength and elastic strain of solids. 
However, the elastic strains that bulk materials can sustain are usually below 2%, due to the 
localization of inelastic deformations at the lattice scale. In this study, we achieved >5% elastic 
strain in bulk quantity of metallic glass, by exploiting the more uniform and smaller-magnitude 
atomic scale lattice strains of martensitic transformation as a loading medium in a bulk metallic 
nanocomposite. The self-limiting nature of martensitic transformation helps to prevent lattice 
strain transfer that leads to the localization of deformation and damage. This lattice strain-
egalitarian strategy enables bulk metallic materials in kilogram-quantity to achieve near-ideal 
elastic limit. This concept is verified in a model in-situ bulk amorphous (TiNiFe)-
nanocrystalline (TiNi(Fe)) composite, in which the TiNiFe amorphous matrix exhibits a 
maximum tensile elastic strain of ~5.9%, which approaches its theoretical elastic limit. As a 
result, the model bulk composite possesses a large recoverable strain of ~7%, a maximum 
tensile strength of above 2 GPa, and a large elastic resilience of ~79.4 MJ/m3. The recoverable 
strain and elastic resilience are unmatched by known high strength bulk metallic materials. This 
design concept opens new opportunities for the development of high-performance bulk 
materials and elastic strain engineering of the physiochemical properties of glasses. 
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1. Introduction 

The ideal strength is the theoretical upper limit on a solid’s ability to withstand load1-5. Whereas 
the ideal strength of a crystal is well defined1-4, there is not yet a consensus on the proper 
atomistic definition of the ideal strength of a solid in glassy state5-7, which comes with intrinsic 

structural heterogeneities. For crystals, the general guidance is 𝜎𝜎𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 ≈ 0.1𝐸𝐸1-4, where idealσ  

is the ideal uniaxial tensile strength and E is Young’s modulus. For metallic glasses, it has been 
suggested that 𝜎𝜎𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 ≈ 0.05𝐸𝐸  based on small-scale mechanical testing results8-10. This 
corresponds to ~5% elastic strain, which far exceeds the <2% elastic strains observed in most 
bulk metallic glass tests6,11,12. We note that ~5% tensile elastic strains (and corresponding 
deviatoric strains in 6-dimensional tensorial strain space) could lead to significant opportunities 
in elastic strain engineering13,14 of the magnetic, chemical and transport properties of glasses. 
However, to date no one has been able to demonstrate elastic strains of such magnitude in 
macroscopic quantities of metallic glasses.  
 
In crystalline materials, recent experiments have revealed ultra-high strengths and ultra-large 
stretching (true elastic strains) of interatomic bonds15-17, which are intrinsic to the solids. For 
example, nanoscale diamond needles have been shown to exhibit a large elastic strain of 9% 
and a corresponding strength of ~98 GPa15, a Cu nanowire was measured to have a large elastic 
strain of 7.2%16, and an Al2O3 nanowire was measured to exhibit 8.5% elastic strain17. However, 
these near-ideal true elastic strains are all achieved in isolated nanometer-size samples, which 
are largely defect free. Such properties are usually not accessible in bulk materials due to the 
presence of structural defects extrinsic to the interatomic bonding in the solids18-21, such as 
dislocations and lattice cracks. These structural defects cause premature failure before the full 
strength potential of the interatomic bonding can be realized. 
 
To overcome this, various strengthening techniques have been developed for bulk materials, 
such as solid solution strengthening, forest dislocation strengthening, grain boundary 
strengthening, and precipitation strengthening. The underlying philosophy of these approaches 
is to hinder activities of extended defects, e.g. dislocation motion. Despite all these efforts, bulk 
crystalline metals seldom show elastic strains above ~1.3%18-28. 
 
2. Design Concept 

Rethinking of the failure mechanisms of bulk materials, it is easy to understand that all 
macroscopic failures of bulk materials originate from the accumulation of local structural 
damages within the lattice. Microscopically, in coarse-grain crystalline materials, dislocation 
motion generates large inelastic strains that can be expressed by nb/d, where n is the number 
of dislocations that have passed, b is the Burgers vector, and d is the interplanar spacing of the 
slip plane. Generally b/d≥100%, i.e. plastic deformation by dislocation motion is quantized by 
b/d≥100%, which is grossly excessive relative to the intrinsic elastic strain limit of the 
interatomic bonds (typically up to 10%). Furthermore, since n is unrestricted, dislocation slip 
is intrinsically not self-limiting, i.e. the same Frank-Read source can emit hundreds of 
dislocations that pass the same spot on the same slip plane repeatedly. This non-self-limiting 
behavior creates excessive stress concentrations in front of the pileup, and jeopardizes the 
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chance for achieving true elasticity in the body that causes the pileup. Indeed, the stress 
generated inside the obstacle is similar to that of a mode-II or mode-III shear-crack singularity. 
For bulk materials with submicron grains sizes or heavily defected matrices, e.g., after severe 
plastic deformation, such uncontrolled supply of dislocations and excessively high dislocation 
pileups will not occur, and mechanical failure may take the form of grain boundary sliding, yet 
another form of excessive local damage at the lattice scale.  
 
In amorphous materials, cooperative local rearrangement of atoms may occur in response to an 
applied load at relatively low levels of global deformation, known as the shear transformation 
zones (STZ)29,30. STZs are generally very small in volume and incur relatively low lattice 
distortions, or stretching between pairs of atoms, typically on the order of several percent. They 
are self-catalytic, i.e. they tend to trigger similar activities within their vicinities due to a strain-
energy correlation effect31. With increased deformation, neighbouring STZs coalesce to form 
shear bands, which incur much greater local deformations, e.g. up to ~1000%32. 
 
Fig. 1(a) illustrates the most common forms of mechanical failure of bulk materials, including 
dislocation slip (I), lattice cracking (II), grain boundary sliding (III) and shear band sliding in 
amorphous alloys (IV). Local structural damages are always highly concentrated with 
extremely large “atomistic” strains. For example, during plastic deformation via dislocation 
slip, which may be macroscopically uniform and insignificant, the lattice deformation after one 
single dislocation passed is ≥100%, or ~10,000% for a slip band (illustration (I))33,34. For a 
lattice crack of 1 nm width, which is totally insignificant macroscopically, the lattice opening 
is approximately three times of the interatomic distance, or ~300% equivalent lattice strain (or 
~300,000% for a 1 µm crack), as illustrated in (II). For nanograined metals with grain sizes 
below ~10 nm, the local deformation caused by the grain boundary sliding can be up to ~1,000% 
(illustration (III))35. In amorphous alloys, the local deformation at a shear band can be easily 
~1,000%, as illustrated in (IV)32.  
 
Realization of the occurrence of such excessively large local inelastic strains invites us to take 
a new look at our approach to strengthening materials. The occurrence of such excessively 
large “atomistic” strains at even the smallest global deformation implies excessive lattice strain 
concentration, i.e. when local damages occur within the lattice, the defect-free parts act as a 
strain transfer medium to concentrate the applied global (macroscopic) strain to the sites of the 
local damages. Therefore, the key to achieving the full potential of ideal elastic limit, or ideal 
strength, in a large material mass is to suppress or to eliminate strain transfer and concentration 
to prevent strain localization and damage accumulation. 
 
Suppression of lattice strain concentration can be achieved by using martensitic transformation 
found in some metal alloys. Martensitic transformation differs from all the lattice inelasticity 
mechanisms presented above in one unique aspect, in that it is self-limiting. It is a diffusionless 
collective crystal lattice distortion process with a uniform lattice strain between every two 
adjacent atoms, i.e. highly “egalitarian”. The magnitude of the atomic-level inelastic strain 
ranges from several percent to more than ten percent (e.g. ~10% in TiNi)36,37, which is 
conveniently comparable in magnitude to the ideal elastic strain limits of most solids. In other 
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words, there is a good “strain-matching” in magnitude between the inelastic crystallographic 
strain of the phase transformation (~10% in TiNi) and the elastic strain limits (~10% in crystals 
and ~5% in metallic glasses) at the atomistic level. This is in clear contrast to the “quantized” 
minimum lattice strains of dislocation motion (nb/d) and lattice cracking of >100% at the 
atomistic level. Fig. 1(b) shows a schematic of the atomic-level lattice strains of a martensitic 
transformation. This implies that it is possible to create a bi-metal composite, in which 
martensitic transformation (B) is used as a strain “equalizer” to uniformly partition the global 
strain into millions of smaller and equal parts of “atomistic strains” (both pseudo-elastic and 
true elastic), as illustrated in Fig. 1(c).  
 

 
Figure 1. Schematic of the design concept. (a) Microscopic mechanisms of failure of bulk materials, 
including (I) dislocation slip, (II) lattice cracking, (III) grain boundary sliding, as observed in 
nanograined metal alloys, and (IV) shear band sliding, as observed in amorphous metal alloys. The 
schematics illustrate the excessively large localized lattice damages. (b) Martensitic transformation and 
its microscopic mechanism of uniform lattice distortion (e.g. ~10% in TiNi), and its implication of 
uniform distribution of the global strain, preventing deformation localization at the lattice scale. (c) 
Schematic of our design concept, which entails a composited structure of a conventional metal alloy (A) 
with a martensitic transformation alloy (B), which upon loading divides the applied global (macroscopic) 
strain into millions of small compartmentalized lattice strains by its martensitic transformation, thus 
preventing strain transfer by the elastic lattice of alloy A to cause strain localization at the lattice scale.  
 
The equalization and distribution of the global deformation into the lattice level by the 
martensitic transformation also imply that the load is transferred more uniformly between the 
two bodies at the atomic level along their interfaces, i.e. martenstic transformation enabled 
collective atomic loading. It is obvious that this mechanism of collective atomic loading 
requires intimate interaction of the two components (pseudoelasticity via transformation and 
true elasticity) at the nanometric scale. An optimized microstructure design is presented in Fig. 
S1(d) in the Supplementary Information, in comparison with other configurations based on size 
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and spacing of the martensitic transformation inclusion phase in the composite (Fig. S1). The 
optimal configuration features a high density (fine spacing) of martensitic transformation alloy 
nanoinclusions (fine size) uniformly distributed within a continuous conventional bulk metal 
matrix (glassy or crystalline). The characteristic conditions of these structures are summarized 
in Table S1, in which (d) is the optimal design. 
 
3. Results and discussion 

Based on this concept, we designed a series of in-situ bulk nanocomposites of TiNiX consisting 
of crystalline nanodomains embedded in an amorphous matrix. In these composites, the 
crystalline inclusions and the amorphous matrix are of the same chemical composition (though 
not a compulsory condition), i.e. they are structural composites. This design is supported by 
the fact that TiNi-based shape memory alloys are easily amorphized by severe plastic 
deformation38,39, thus allowing good design flexibility for the volume fraction and size of the 
crystalline nanoinclusions via crystallization heat treatment of the amorphous matrix. In 
addition, such in-situ system assures good interfacial cohesion between the inclusions and the 
matrix. Fig. S2 presents the condition of the TiNi(Fe) crystalline wire before the final 
amorphisation cold deformation, including its structure, transformation behavior and 
mechanical behavior. Fig. S3 presents the amorphous TiNiFe alloy obtained after the severe 
plastic deformation and its crystallization behavior. 
 
Fig. 2 shows the microstructures of two partially crystallized samples after heat treatment at 
300 °C (Fig. 2(a)) and 295 °C (Fig. 2(b)) for 10 min. The samples contain high-densities of 
equiaxial nano-sized grains dispersed in an amorphous matrix. The average size of the 
nanograins are 9.7 nm in the 300 °C annealed sample and 9.4 nm in the 295 °C annealed sample. 
Statistical information on the grain size distribution is given in Fig. S4. The volume fractions 
of the amorphous matrix are estimated, based on the size of the crystallization exothermic peak 
relative to the fully amorphous sample (Fig. S5), to be 39% in the 300 °C annealed sample and 
49% in the 295 °C annealed sample. The selected-area electron diffraction (SAED) patterns 
shown in the insets in Fig. 2(a) and Fig. 2(b) reveal the amorphous matrix and several 
discontinuous crystalline rings corresponding to the B2-TiNi(Fe) phase.  
 
Fig. 2(c) shows a high-resolution transmission electron microscopic (HRTEM) image of the 
300 °C annealed sample (the 295 °C annealed sample is shown in Fig. S4(c)). Fast Fourier 
Transform (FFT) patterns from the amorphous matrix and a nanocrystalline region are shown 
in Fig. 2(d) and Fig. 2(e) (also in Fig. S4(e) and Fig. S4(d)), respectively, confirming their 
respective structures. Energy-dispersive X-ray spectroscopic analysis (Fig. S6) confirms the 
uniform composition of the annealed samples. Fig. 2(f) and Fig. 2(g) present 2D synchrotron 
high-energy X-ray diffraction (HE-XRD) patterns of the two samples. The B2-TiNi(Fe) 
nanocrystalline grains have a clear preferential orientation in both samples, with their [100] 
direction oriented at ±50° from the wire axial direction (indicated by the double arrow). Further 
details are presented in Fig. S7. Fig. 2(h) shows 1D HE-XRD patterns of the two samples 
obtained by 360° integration along the Debye circle of the respective 2D HE-XRD patterns. 
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Figure 2. Microstructures of the in-situ amorphous-nanocrystalline TiNiFe composites. (a) TEM 
bright-field image of a sample annealed at 300 °C for 10 minutes. (b) TEM bright-field image of a 
sample annealed at 295 °C for 10 minutes. The insets in (a) and (b) show their corresponding SAED 
patterns. (c) HRTEM image of the 300 °C annealed sample. (d) FFT pattern of the amorphous region 
(the red frame) identified in (c). (e) FFT pattern of the nanocrystalline region (the blue frame) identified 
in (c). (f) Two-dimensional HE-XRD pattern of the 300 °C annealed sample. (g) Two-dimensional HE-
XRD pattern of the 295 °C annealed sample. The double arrows in (f) and (g) indicate the wire axial 
direction. (h) One-dimensional HE-XRD spectrums of the two samples obtained by 360° integration 
along the azimuth circle of the 2D HE-XRD patterns. 
 
The mechanical properties of the in-situ amorphous-nanocrystalline composites were studied 
by tensile testing, and the engineering stress-strain curves are shown in Fig. 3(a) (true stress-
strain curves are presented in Fig. S8). The 300 °C annealed sample exhibits a tensile yield 
strength of ~1.60 GPa, an ultimate tensile strength of ~2.02 GPa, a recoverable strain of ~7.0%, 
and an elastic resilience (recoverable elastic energy) of ~79.4 MJ/m3. The 295 °C annealed 
sample exhibits a tensile yield strength of ~1.70 GPa, an ultimate tensile strength of ~2.25 GPa, 
a recoverable strain of ~5.5%, and an elastic resilience of ~73.5 MJ/m3. The large strains of the 
composites recovered upon unloading imply that the amorphous matrices in our composites 
have also contained large elastic strains. 
 
Fig. 3(b) shows a comparison of the recoverable elastic strains and ultimate strengths of our 
composites against those of other high strength bulk metallic materials reported in the literature 
(a comparison on yield strength is presented in Fig. S9(a))11,18,20-28,40-47. Fig. 3(c) (and Fig. S9(b)) 
compares the elastic resilience between the same materials11,18,20-28,40-47. It is apparent that our 
amorphous-nanocrystalline composites far outperform other materials on recoverable elastic 
strain and recoverable elastic energy density. The only class of materials having similar or 
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larger recoverable strains (typically 2-10%) are shape memory alloys, which have much lower 
strengths (typically <1 GPa) (Fig. S10(a) and Fig. S10(b)) and elastic resiliencies (typically 
<30 MJ/ m3) (Fig. S10(c) and Fig. S10(d)). The high recoverable strains and elastic resiliencies 
of our composites imply that they are suited not only for high strength applications, but also as 
functional materials for actuation and mechanical energy storage applications. 
 

 
Figure 3. Mechanical behavior of the in-situ amorphous-nanocrystalline composites. (a) 
Engineering tensile stress-strain curves of the 300 °C and 295 °C annealed samples. (b) Comparison of 
the recoverable strain and ultimate strength of our composites with those of other high strength bulk 
metallic materials. (c) Comparison of the elastic resilience and ultimate strength of the same materials 
as in (b). These existing high strength bulk metallic materials include Zr-based bulk metallic glass 
(BMG)40, Co-based BMG41, Fe-based BMG42, Cu-based BMG11,43, CuZr-based BMG44,45, Ti-based 
BMG46, Ni-based BMG47, nanocrystalline Al alloy22, nanocrystalline Ti alloy23, nanocrystalline Fe 
alloy24, nanocrystalline Ni alloy25, nanocrystalline Cu alloy26, nano-twinned Cu21, ultra-strong steel18,27, 
and high entropy alloy20,28. 
 
To uncover the microscopic mechanisms of the deformation of the amorphous-nanocrystalline 
composites, in-situ synchrotron HE-XRD measurements were performed during tensile 
deformation. Fig. 4 presents the analysis for the 300 °C annealed sample (further information 
is given in Fig. S11 and Fig. S12). Fig. 4(a) presents 1D HE-XRD patterns of the sample at 
various stages of deformation in the loading direction. It is seen that the nanocrystalline B2-
TiNi(Fe) phase (e.g. as represented by B2 (211) diffraction) underwent an initial elastic 
deformation and then a transformation to B19' martensite during the tensile deformation. Fig. 
4(b) plots the evolution of the relative integrated diffraction peak intensities of B2 (100) and 
B19' (001) on the applied strain (also in Fig. S11) associated with the phase transformation.  
 
Fig. 4(c) shows the evolutions of the microscopic strains of the amorphous matrix and the 
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nanocrystalline B2-TiNi(Fe) phase during the deformation. The stage at <2.8% global strain 
corresponds to the initial elastic deformation of the composite. The leveling of the B2 (211) 
lattice strain corresponds to the macroscopic yielding (Fig. 3(a) and the inset in Fig. 4(c)) of 
the composite in association of the stress induced martensitic transformation (Fig. 4(b)). In 
comparison, the elastic strain of the amorphous matrix increased throughout the stages of the 
initial elastic deformation and the stress-induced martensitic transformation of the 
nanocrystalline phase, reaching ~5.9% at the end of the tensile deformation (~8.8% 
macroscopic strain).  
 

 
Figure 4. In-situ synchrotron HE-XRD analysis of the microscopic mechanisms of deformation of 
the amorphous-nanocrystalline composites. (a) HE-XRD spectrums of the 300 °C annealed sample 
collected at various stages during tensile deformation. The spectra were integrated within ±5° along the 
Derby circle in the loading direction. (b) Evolution of the relative integrated peak intensities of B2 (100) 
and B19' (001) diffractions during the tensile deformation. The relative intensity is defined as the ratio 
of the integrated area of a peak to that at the strain-free state for the B2 phase (100% B2) and to that at 
the maximum applied strain for the B19' phase (100% B19'). (c) Evolution of the microscopic strains 
of amorphous matrix and the nanocrystalline B2 (211) along the loading direction as functions of the 
macroscopic applied strain. The inset shows the corresponding macroscopic stress-strain curve. (d) 
Comparison of the elastic strain limit of the amorphous matrix in our composite with those of bulk 
metallic glasses (cell I)11,40-47, nano-sized amorphous metals (cell II)8,9,48, and the ideal amorphous 
materials (cell III)5,8. 
 
There is a mismatch in magnitude between the crystallographic strain of the martensitic 
transformation in the crystalline nanodomains and the elastic strain of the amorphous matrix. 



 9 

Consequently, upon deformation, plastic deformation will occur in the amorphous matrix, 
which in turn causes residual stresses within the composite after a complete pseudoelastic 
deformation cycle. The evidence is seen in Fig. S12(b), Fig. S12(c), Fig. S12(e) and Fig. S12(f). 
Upon unloading, the austenite B2-TiNi(Fe) phase underwent a full reverse transformation from 
the stress-induced B19' martensite to the B2 austenite phase. After unloading, the B2-TiNi(Fe) 
nanocrystalline phase sustained an elastic tensile strain (Fig. S12(d)), whereas the amorphous 
matrix sustained an elastic compressive strain. These microscopic elastic strains increased with 
increasing the macroscopic tensile cycle strain (Fig. S12(d)). The presence of the microscopic 
residual lattice strain after the deformation cycle implies that plastic deformation has occurred 
in the amorphous matrix during the deformation cycle, which caused the macroscopic residual 
strain of the composite after unloading. Due to the residual elastic tensile strain in the B2-
TiNi(Fe) nanocrystalline phase after unloading, the critical stress for the stress-induced 
martensitic transformation will decrease, which leads to a reduction of macroscopic yield stress 
in the subsequent tensile deformation cycles (Fig. 3(a)). 
 
Fig. 4(d) presents a comparison of the elastic strains of the amorphous matrix in our composite 
with those of bulk11,40-47 and nano-sized8,9,48 amorphous metals, and the ideal values5,8 estimated 
using molecular dynamics simulation method. The ultra-large elastic strain (5.9%) of the 
amorphous matrix in our composite is significantly higher than those of BMG materials11,40-47, 
comparable to the elastic strain limits of nano-sized amorphous metals8,9,48, and approaching 
the ideal theoretical values of amorphous metals5,8. It also implies a tensile strength exceeding 
~5.3 GPa, estimated using E=90 GPa for the amorphous matrix determined from the applied 
stress - microscopic stain curves shown in Fig. S13. The large elastic strain of the amorphous 
matrix contributes to the large recoverable strain of the composite. 
 
The achievement of the 5.9% elastic strain in the TiNiFe amorphous matrix, which is 
approximately three times of the elastic strains of stand-alone bulk amorphous TiNiFe alloys 
(Fig. S3(c) and Fig. S13), is attributed to the effect of lattice strain equalization and distribution 
of the phase-transforming TiNi(Fe) nanocrystalline domains highly dispersed within the matrix. 
Upon loading, the stress-induced martensitic transformation in the nanocrystalline domains 
helps to divide the applied global (macroscopic) strain into small and uniform crystallographic 
and true elastic strains at the atomic level, and to transfer the load collectively between adjacent 
atoms in the two phases across the interface. The crystallographic strain of the martensitic 
transformation is self-limiting, i.e. with a finite value, and small in magnitude at the atomic 
level, in contrast to the excessively large strains at the atomic-level (nb/d) of dislocation slip.  

 
The essence of the effect of the martensitic transformation is to regulate the magnitude of local 
lattice distortion within the amorphous matrix by its crystallographic lattice strains. The lattice 
distortions, or stretching between pairs of atoms, of the local atomic rearrangement volumes 
within the amorphous matrix are generally very small and martensitic transformation in the 
crystalline domains may have little restriction to their formation. However, the coalescence of 
these local atomic rearrangement volumes into shear bands will rapidly raise the local lattice 
distortions to far greater values, on the order of 1000%. Then the finite crystallographic strains 
of the martensite in the crystalline domains are effective in suppressing this coalescence 
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process and nucleation of shear bands, thus prevent deformation localization and pre-mature 
failure of the amorphous matrix. This allows the composite to continue to load to higher stress 
levels and achieve its intrinsic potential in elastic stain and strength.  
 
To further verify this hypothesis, several additional experiments have been conducted. First we 
tested samples in which the martensitic transformation in the nanocrystalline TiNi(Fe) domains 
is suppressed by decreasing the phase transformation temperature (Fig. S14) or increasing the 
testing temperature (Fig. S15). This allows the nanocrystalline domains to deform by 
dislocation slip. In this case the composites become brittle (Fig. S14(b), Fig. S15(b), Fig. 
S15(c), and Fig. S15(d)), and the maximum elastic strains achieved in the amorphous matrix 
are reduced to below 2.8% (Fig. S15(c) and Fig. S15(d)). In a second experiment we reduced 
the volume fraction of the embedded nanocrystalline phase by lowering the annealing 
temperature (Fig. S16). In this case the composites also become brittle with reduced elastic 
strains (Fig. S16(b)), since damage and shear-localization, once started in the metallic glass, 
cannot be halted easily7. 
 
It is obvious that this mechanism of lattice strain equalization and transfer requires intimate 
contact between the phase transforming nanocrystalline domains and the amorphous matrix. 
For maximum synergy between the two, an optimum microstructure can be anticipated. This 
may include an optimum volume fraction, size and morphology of the nanocrystalline domains. 
Too small a value fraction of the crystalline domains will not be sufficient to impose the 
equalized crystallographic strains of the martensite to the amorphous matrix. On the other hand, 
too large of it reduces the strength of the composite, which is largely from the amorphous 
matrix. The strain transfer is an interface effect, thus a high total interface is desirable. Too 
large size of the crystalline domains reduce the total interface area but too small of the size 
reduces the mechanical potency of the martensite in transmitting the lattice strains to the matrix. 
In addition, high dispersion and uniformity of distribution is also desirable. What the optimal 
size and volume fraction are will require extensive experimentation and possibly theoretical 
analysis using density functional theory calculation or molecular dynamic simulations. 
However, the control of the size and volume fraction of the crystalline domains can be easily 
achieved by controlling the in situ crystallization heat treatment process, as demonstrated in 
Fig. 2 and Fig. S4.  
 
We note that much work has been done in the past decades to create composites consisting of 
martensitic transformation phases embedded in bulk materials44,45,49,50. However, the aims in 
the past had been mostly to utilize the martensitic transformation to improve the plasticity and 
toughness of the matrix, e.g. transformation induced plasticity in steels49, Ti alloys50, and bulk 
metallic glasses44,45. This is largely based on the concept of stress relaxation at crack tips by 
the large inelastic deformation of the martensitic transformation. This work presents a new 
concept of transformation induced strength and elastic resilience, with potential application in 
elastic strain engineering13,14,51 of physiochemical properties at the kilogram scale. The 
atomistic mechanism of the transformation induced strength is the “collective atomic loading” 
at the amorphous-crystalline interface. This concept requires high density, small size and small 
inter-domain spacing for the martensitic transforming nanocrystalline domains. Composite 
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structures of low domain density and large spacing of the martensitic transformation 
component (Fig. S1(a) and Fig. S1(c)) are unable to achieve effective atomically uniform load 
transfer44,45. The design of Fig. S1(b) is effective in achieving collective atomic loading, but 
unable to offer high strength due to its low volume fraction of the matrix. 
 
4. Conclusions 

This work presents a new concept of martensitic transformation enabled near-ideal strength 
based on the atomistic mechanism of “collective atomic loading” at the lattice level. By 
creating an in-situ amorphous matrix-martensitic transforming nanocrystalline composite 
through partial crystallization anneal of an amorphous alloy, we have demonstrated a feasible 
mechanism and design strategy for achieving near-ideal elastic strain and near-ideal strength 
of amorphous materials in bulk quantities. The TiNiFe in-situ composites achieved an elastic 
strain of ~5.9% in the amorphous matrix, a maximum strength of above 2 GPa, a recoverable 
elastic strain of ~7.0%, and an elastic resilience of ~79.4 MJ/m3. Elastic strains above 5% are 
expected to be able to cause significant changes in physiochemical properties14 of crystalline 
and glassy solids, such as electronic, magnetic, superconducting, optical, phononic, and 
catalytic properties13. It is also noted that the kilogram-scale metallic glass matrix still 
maintains its spatial percolation, thus these altered physiochemical properties can be truly 
macroscopic in spatial extent. 
 
Methods 
A 1.5 kg alloy ingot with a nominal composition of Ti50Ni47Fe3 (at.%) was prepared by arc 
melting in a water-cooled copper hearth in an argon atmosphere. Commercial purity Ti (99.99 
wt.%), Ni (99.99 wt.%) and Fe (99.99 wt.%) were used as raw materials. The button shaped 
ingot was re-melted six times in the furnace to obtain chemical composition homogeneity. The 
ingot was hot-forged at 850 °C into a rod of 12 mm in diameter and further hot-drawn at 750 °C 
into a wire of 2 mm in diameter. Then the hot-drawn wire was cold-drawn into a thin wire of 
0.9 mm in diameter at room temperature with intermediate annealing at 750 °C for 0.6 ks in 
air. The φ0.9 mm wire was then cold-drawn to further reduce the diameter to 0.24 mm, 
producing an area reduction of 92.9%. The severe cold wire drawing induced full 
amorphization of the alloy. The test samples were cut from the cold-drawn φ0.24 mm wire and 
subsequently annealed at different temperatures (290 °C, 295 °C, and 300 °C) for 0.6 ks to 
cause partial crystallization to form the designed in-situ amorphous-nanocrystalline composite 
structures. 
 
The microstructure and chemical composition of the composite wires were analyzed using a 
FEI Tecnai G2 F20 transmission electron microscope (TEM) and a FEI Titan G2 80-200 TEM 
equipped with an energy dispersive X-ray spectrometer (EDS). Differential scanning 
calorimetry (DSC) measurements were conducted using a TA INST2910 differential scanning 
calorimeter with a heating/cooling rate of 10 °C/min for transformation behavior 
characterization and 20 °C/min for crystallization treatment. Tensile tests were performed using 
an Instron universal mechanical testing machine at a strain rate of 5×10-4 s-1. 
 
Synchrotron high-energy X-ray diffraction (HE-XRD) measurements were performed during 
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in-situ tensile deformation on Beamline 11-ID-C at the Advanced Photon Source, Argonne 
National Laboratory, USA. High-energy X-rays of 105.8 keV in energy level, 0.1173 Å in 
wavelength and 0.5×0.5 mm2 in beam size were diffracted in transmission geometry towards a 
Perkin-Elmer large area detector placed behind the sample to obtain two-dimensional (2D) HE-
XRD diffraction patterns. Gaussian fit was employed to determine the position and area of a 
diffraction peak. The lattice strain for a particular set of crystal planes is calculated as (dhkl - 
dhkl°)/dhkl°, where dhkl° is the “unstressed” lattice d-spacing (i.e. the peak position at zero applied 
stress). The errors of the lattice strain measurements and the relative peak intensity 
measurements were estimated to be less than 0.05% and 0.02, respectively. To evaluate the 
microscopic strains of the amorphous matrix, the diffraction pattern of the amorphous matrix 
was first obtained by subtracting from the total diffraction the diffraction pattern of the fully 
crystallized sample (having the same texture as the partially crystallized sample) using the 
Generalized Structure Analysis Software (GSAS)52. The first (main) scattering hump of the 
amorphous phase was first curve-fitted with the Voigt function to determine its peak position, 
and the position shift is then used to calculate the elastic strain relative to the stress-free state, 
as for a crystalline phase, as (q0 – q)/q, where q0 is the position of the first peak in the reciprocal 
space under zero applied stress53,54. The error in the microscopic elastic strain measurement of 
the amorphous structure was estimated to be less than 0.25%. 
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